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Abstract 
 
In order to increase the efficiency and decrease the costs of power generation, gas turbines 
have to be able to operate using a wide range of alternative fuels, such as crude oil, biogas or 
unclean syngas. Many of the alternative fuels contain substantial amounts of contaminants, 
especially sulphur. This means that gas turbine components will be exposed to environments 
in which not only oxidation but also sulphidation will be an issue. Such components are 
typically coated with protective coating systems, including MCrAlY-coatings and thermal 
barrier coatings. However, during service, after the long term exposure to cyclic temperature 
coatings may crack or spall, thereby allowing direct access of the hot gases to the superalloys 
surface. Therefore the oxidation resistance of the Ni-base superalloy to oxidizing/sulphidizing 
atmospheres becomes an important factor for the lifetime of the turbine components. 
In the present work the oxidation behaviour of Ni-base superalloys in high pO2, SO2-
containing environments have been studied. For this purpose, screening tests of commercial 
alloys commonly used in stationary gas turbines, were performed to establish the sensitivity 
of alloys to the presence of SO2 in the test gas (synthetic air). Based on the screening test 
results, commercial Ni-base superalloys with similar Cr and Al contents were chosen to 
determine which parameters affect the material resistance against the enhanced attack by SO2. 
In the first part of the thesis, the behaviour of alloys with 12-14 % Cr and 3-4 % Al, namely 
PWA 1483 and Rene 80, in synthetic air is compared with that in synthetic air + 2 % SO2 at 
1050°C. The second part of the present investigation concerns the behaviour of Ni-base 
superalloys with 5-6 % Al and 6-8 % Cr. For the latter comparison two alloys were chosen: 
CMSX 4 and CM 247. 
The results of the present work clearly show that Ni-base alloys such as PWA 1483 and Rene 
80, as well as CMSX 4 and CM 247 exhibit tremendous differences in resistance to SO2 
attack in high pO2 gas, in spite of possessing similar Cr and Al contents. The overall corrosion 
behaviour in the SO2 containing gas critically depends on the other alloy constituents. The far 
better resistance of PWA 1483 and CMSX 4 in the SO2-containing environment is shown to 
be related to the rapid development of a dense alumina scale, which prevents access of 
molecular SO2 to the metal surface and effectively supresses sulphidation. In contrast, a 
porous chromia based scale formed on Rene 80. The latter type of surface scale allows easy 
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molecular access of SO2, which eventually results in breakaway oxidation triggered by 
formation of internal chromium sulphide.   
  
The formation of fast growing porous chromia scale on Rene 80 was attributed to the Ti 
addition of 5 wt. %, which increases the growth rate of the Cr2O3-scale by p-type doping 
thereby suppressing the formation of a protective alumina scale. Furthermore, Ta addition to 
Ti containing Ni-base alloys, such as in PWA 1483, was found to promote external alumina 
scale formation by forming a mixed Ti/Ta oxide compound, hence preventing the 
enhancement of chromia growth by Ti incorporation. The effect of Ti and Ta on the scale 
formation was verified by using model alloys of the same base composition Ni-9Co-14Cr-
3Al. 
 
Owing to a high Al-content of 5.6 wt. % CMSX 4 formed rather pure alumina scale after 
relatively short period of transient oxidation. In contrast, CM 247 with the same Al-content 
formed an Al-rich oxide scale with high amounts of Hf and B-containing oxides, which 
compromised its resistance to sulphidation and resulted in rapid failure in synthetic air + 2 % 
SO2.  
Using model alloys it was shown that the addition of B is detrimental for the oxidation 
resistance of Ni-base alloys with 8 wt. % Cr and 5-6 wt. % Al. The formation of Al/B mixed 
oxides can explain why after short time exposure the Al2O3 formation was locally hindered, 
thereby allowing transport of SO2 and enhanced formation of internal Cr-sulphide. The reason 
for the rapid enrichment of B within the scale is that it forms a thermodynamically very stable 
oxide combined with much faster boron diffusivity in the Ni-rich matrix as compared to Al 
and Cr. The rapid incorporation of boron into the oxide scale apparently resulted in boron 
depletion from the alloys. This was indicated by specimens exposed for 500 h to synthetic air 
which showed continuous Al2O3 scale formation for all three studied model materials.  
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Kurzfassung 
 
Um die Effizienz von Gasturbinen zu erhöhen und die Kosten der Energieproduktion zu 
senken, ist es notwendig, dass eine breite Palette alternativer Brennstoffe, wie z.B. Rohöl, 
Biogas oder ungereinigtes Synthesegas, verwendet werden können. Viele alternative 
Brennstoffe enthalten erhebliche Mengen an Verunreinigungen, insbesondere Schwefel. Dies 
bedeutet, dass Gasturbinenkomponenten Bedingungen ausgesetzt warden, in denen nicht nur 
Oxidation, sondern auch Sulfidierung eine Rolle spielt. Solche Komponenten sind 
typischerweise mit schützenden Schichtsystemen aus MCrAlY-Bondcoat und 
Wärmedämmschicht beschichtet. Nach langen Einsatzzeiten und unter dem Einfluß 
thermischer Zyklierung ist es allerdings möglich, dass die Schichten Risse aufweisen oder 
sich ablösen. Dadurch wird den heißen Gasen der direkte Kontakt zur Oberfläche der 
Superlegierungen ermöglicht. Aus diesem Grund ist die Oxidationsbeständigkeit von Ni-
Basis-Superlegierungen in oxidierenden / sulfidierenden Atmosphären ein wichtiger Faktor 
für die Lebensdauer von Turbinenkomponenten.  
 
In der vorliegenden Arbeit wurde das Oxidationsverhalten von Ni-Basis-Superlegierungen in 
SO2 haltigen Atmosphären mit hohem pO2 untersucht. Zu diesem Zweck wurden an einer 
Anzahl kommerzieller Legierungen, die beim Bau stationärer Gasturbinen Verwendung 
finden, Untersuchungen durchgeführt, um die Empfindlichkeit der Legierungen gegenüber 
dem Auftreten von SO2 im Testgas (synthetische Luft) zu ermitteln. Aufbauend auf den 
Ergebnissen dieser Untersuchungen wurden kommerzielle Ni-Basis-Superlegierungen mit 
ähnlichen Cr- und Al-Gehalten ausgewählt, um zu bestimmen, welche Parameter die 
Beständigkeit der Werkstoffe gegen den verstärkten Angriff von SO2 beeinflussen. Im ersten 
Teil der Arbeit wird das Verhalten von Legierungen mit 12 – 14% Cr und 3 – 4% Al, nämlich 
PWA 1483 und Rene 80, in synthetischer Luft bei 1050°C untersucht und mit den Befunden 
in synthetischer Luft mit 2% SO2 verglichen. Der zweite Teil der vorliegenden Arbeit befasst 
sich mit dem Verhalten von Ni-Basis-Superlegierungen mit 8% Cr und 5 – 6% Al. Die hierfür 
ausgewählten Werkstoffe sind CMSX 4 und CM 247. 
 
Die Ergebnisse der vorliegenden Arbeit zeigen deutlich, dass Ni-Basis-Superlegierungen, wie 
z.B. PWA 1483 und Rene 80, aber auch CMSX 4 und CM 247, gewaltige Unterschiede in 
ihrer Beständigkeit gegenüber dem Angriff von SO2 in Gasen mit hohem pO2 aufweisen, 
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obwohl sie ähnliche Cr- und Al-Gehalte aufweisen. Das Korrosionsverhalten in SO2 haltigen 
Gasen hängt wesentlich von den anderen Legierungselementen ab. Es wird gezeigt, dass die 
wesentlich bessere Beständigkeit von PWA 1483 und CMSX 4 in SO2 haltigen Gasen mit der 
schnellen Ausbildung einer dichten Aluminiumoxidschicht in Zusammenhang steht. Diese 
verhindert den Kontakt von SO2 Molekülen mit der Metalloberfläche und unterdrückt effektiv 
die Sulfidierung. Im Gegensatz dazu bildete Rene 80 eine poröse Oxidschicht auf Basis von 
Chromoxid aus. Diese Form von Oberflächenoxidschicht ermöglicht den einfachen Zugang 
von SO2, was schließlich zu Breakaway-Oxidation führt, welche durch interne Bildung von 
Chromsulfid hervorgerufen wird.  
 
Die Bildung von schnell wachsenden, porösen Chromoxidschichten auf Rene 80 wird auf den 
Gehalt von 5 Masseprozent Ti zurückgeführt. Dieser erhöht die Wachstumsrate der Cr2O3-
Schichten durch p-Dotierung und unterdrückt dadurch die Entstehung einer schützenden 
Aluminiumoxidschicht. Weiterhin zeigte sich, dass der Zusatz von Ta zu Ti haltigen Ni-
Basis-Legierungen, wie z.B. PWA 1483, die Bildung von äußerem Aluminiumoxid fördert. 
Dies geschieht durch die Bildung einer Ti/Ta-Mischoxidverbindung, welche das verstärkte 
Chromoxidwachstum durch den Einbau von Ti verhindert. Der Effekt von Ti und Ta auf die 
Oxidschichtbildung wurde an Modelllegierungen der gleichen Basiszusammensetzung Ni-
9Co-14Cr-3Al überprüft. 
 
Aufgrund seines hohen Al-Gehaltes von 5,6 Masseprozent bildete CMSX 4, nach einer relativ 
kurzen transienten Oxidationsphase, reine Aluminiumoxidschichten aus. Im Gegensatz dazu 
bildete der Werkstoff CM 247, der den gleichen Al-Gehalt aufweist, eine Al-reiche 
Oxidschicht mit hohen Anteilen von Hf- und B-haltigen Oxiden. Diese beeinträchtigten die 
Beständigkeit gegenüber der Sulfidierung und führten zu schnellem Versagen in synthetischer 
Luft mit 2% SO2. 
 
Unter Verwendung von Modelllegierungen konnte gezeigt werden, dass der Zusatz von B zu 
Ni-Basis-Legierungen mit 8 Masseprozent Cr und 5 – 6 Masseprozent Al nachteilig für die 
Oxidationsbeständigkeit ist. Die Bildung von Al/B-Mischoxiden kann erklären, warum nach 
Kurzzeitauslagerung die Bildung von Al2O3 lokal behindert wurde, was den Transport von 
SO2 und die interne Bildung von Chromsulfiden ermöglichte. Der Grund für die schnelle 
Anreicherung von B in der Oxidschicht ist eine Kombination aus der Bildung von 
thermodynamisch sehr stabilen Oxiden und der viel schnelleren Diffusion von B in einer Ni-
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reichen Matrix im Vergleich zu Al und Cr. Der schnelle Einbau von B in die Oxidschichten 
führte zu Borverarmung in den Legierungen. Dies zeigte sich an Proben, welche für 500h in 
synthetischer Luft ausgelagert wurden, und bei allen drei Modellmaterialien eine 
kontinuierliche Al2O3-Schicht ausbildeten. 
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1. Introduction 
 
1.1. Trends in power generation (using gas turbines) 
 
Around the world the major part of the electrical power is generated using thermal power 
plants. Within just 9 years (2000 to 2009) the global cumulative installed capacity for fossil 
and nuclear power plants increased from 2.5 million MW to 3.7 million MW, which 
represented a compound annual growth rate (CAGR) of 3.9% [1]. This trend is expected to 
continue in the near future, whereby the installed capacity is expected to reach 5 million MW 
by the end of 2020 [1].  
 
Gas turbine power plants possess a large share in the power generation market. The first 
patent for a combustion turbine was issued to England in the 18
th
 century [2]. Since then the 
gas turbine industry has seen tremendous development and market expansion. Gas turbines 
represented 20 percent of the power generation market twenty years ago; they now claim 
approximately 40 percent of new capacity additions considering only the U.S. market [2]. 
 
The simple cycle thermal efficiency of a gas turbine can range from 25 percent in small units 
to 40 percent or more in recuperated cycles and large high temperature units. The thermal 
efficiency of the most advanced combined cycle gas turbine plants is approaching 60 percent 
[2]. The thermal efficiency of cogeneration applications can approach 80 percent, where a 
major portion of the waste heat in the turbine exhaust is recovered to produce steam [2].  
 
The major fuel used in most land-based gas turbines (about 90 %) is natural gas, with a share 
of about 83% (Figure 1.1). Liquid fuels and non-standard fuels are the second major group 
with a relatively small share of about 17%. However, the value of alternative fuels share is 
expected to grow significantly by 2020 [3].  
 
The fuel price is generally the most significant cost factor involved in power generation using 
gas turbines. The natural gas prices increased significantly in the last 20 years. Consequently, 
the ability of gas turbines to burn a wide range of cheaper alternative fuels (fuel flexibility) 
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will become of primary importance. Typical alternative fuels (Figure 1.1 b), include synthesis 
gases and liquid fuels (e.g. oil distillates, Naphtha and condensates) [3].  
 
 
Figure 1.1.  Statistics of fuel type used in power-generating gas turbines in a) 2005 and b) 
prediction for 2020 [3]. 
 
 
It is well known that most of the alternative fuel reserves are contaminated with H2S > 100 
ppm, up to 10-20% (e.g. crude oil, see the Table 1.1) [3]. Current cleaning processes, which 
use selective adsorption techniques and membrane technology, are limited and very 
expensive. Therefore, if the H2S content in the fuel exceeds 15%, more energy is lost in 
cleaning than can be gained in electricity [3]. Consequently, in the near future the use of S-
rich fuels in electricity generating gas turbines is expected to increase significantly [3]. As a 
result, materials commonly used in the turbine hot sections are going to be confronted with 
exhaust gases containing substantial amounts of SO2. The presence of sulphur in the fuels is 
well known to increase corrosion rates and can result in rapid degradation (see e.g. summaries 
in [4-5]) of the materials used in the hottest part of the turbine (superalloys) [6-7].   
 
Table 1.1. Typical crude oil analysis [3]. 
 First Source (Refinery) Second Source (Oil Field)  
 max. min. max. min. 
Sulphur, wt. % 1.2 1 3.5 3.3 
H2S, ppm 150 33 145 35 
 
 
In the following chapter a typical gas turbine design is presented and the materials used in 
each turbine section are discussed.  
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1.2.  Materials used in gas turbines  
 
Figure 1.2 shows a schematic view of an advanced land-based gas turbine, designed to use all 
types of fuels, from low to high calorific gaseous and/or liquid fuels [8]. 
 
Figure 1.2. Typical gas turbine used for S-rich fuels, Siemens SGT – 2000 E [8] 
 
 
To meet the design needs, materials have to vary in the different parts of the turbine due to a 
wide range of operating environments and temperatures.  
The selection of the materials for rotating and stationary components of a compressor requires 
a number of mechanical and chemical properties such as high yield and tensile strength at 
elevated and low temperature, high corrosion resistance to air and fuels (including hydrogen 
sulphide) and good weldability. For over 50 years compressor components were made from 
low alloy steels and stainless steels (e.g. AISI 4330/4340, 4130/4140, AISI 410/17-4PH) and 
13Cr4Ni, as well as Ni-base alloys (e.g. IN 718) [9].  
The combustor requires using heat-resistant nickel- or cobalt-base alloys, such as Hastelloy X 
or Haynes 188, and stainless steels. The turbine section relies on cobalt- and nickel-based 
superalloys, such as Inconel X750, MARM-509, Rene 80 and advanced directionally 
solidified and single crystal alloys [9], (Chapter 2 is entirely devoted to superalloys, their 
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properties, chemistry and microstructure, which are typically used in the hottest section of the 
turbine).  
To minimize the degradation of superalloy components without affecting the efficiency of the 
turbine, oxidation and corrosion protection coatings are applied. In the hottest sections of a 
gas turbine, aluminium rich thermally sprayed MCrAlY (M=Ni, Co) and/or aluminized 
coatings are applied on the surface of superalloys to promote the formation of a protective Al-
oxide surface scale during exposure. Additionally, thermally insulating ceramic layers, 
thermal barrier coatings (TBC) [10, 11, 12, 13], have been applied to these components along 
with internal air cooling, which significantly reduces blade surface temperatures. This allows 
the blade material to operate in spite of exhaust gas at temperatures above 1200°C. The TBC-
system is composed of a ceramic top coat, most commonly consisting of yttria-stablilized 
zirconia (YSZ), the bond coat (BC) consist of MCrAlY or Pt-aluminide on the turbine blade. 
During the exposure to the gas at high temperature, the Al-rich oxide scale forms on the BC 
surface becoming part of the original system.  
 
In the colder sections of the turbine the coatings are not typically applied on the superalloy 
components. Therefore it is important that the superalloy possess sufficient intrinsic oxidation 
and corrosion resistance. Furthermore, using coatings results in interdiffusion between the 
coating and base material which might have an adverse effect on the superalloy performance 
[14]. The turbine designers therefore try to avoid using coatings if not absolutely necessary.  
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2.  Superalloys 
 
2.1. General remarks 
 
Superalloys are a group of high-temperature materials that are based mostly on nickel and less 
commonly on cobalt and iron. Superalloys combine high strength at elevated temperatures; 
high resistance to environmental attack (including oxidation, nitridation, carburization and 
sulphidation) and to thermal fatigue and corrosion; excellent creep resistance, stress-rupture 
strength, toughness, and microstructural stability. They can be used in load-bearing 
applications at temperatures close to 80 % of their incipient melting temperatures [15], which 
is higher than that of any other class of engineering alloys. 
 
The high temperature strength of superalloys is based on the principle of a stable face-centred 
cubic (fcc) matrix combined with precipitation strengthening, solid solution hardening and 
work hardening (see Chapter 2.2). The high temperature corrosion resistance of the 
superalloys relies upon the formation of protective oxide scales, which are obtained by 
alloying additions of particularly chromium and aluminium [15].  
 
2.2. Ni-based superalloy chemistry and microstructure  
 
The main constituent of Ni-base alloys is nickel with up to 40% of a combination of five to 
ten alloying elements. Typical wrought and conventionally cast nickel-base superalloys 
contain 10 to 20 weight % Cr, up to about 8 weight % Al plus Ti, 5 to 15 weight % Co, and 
small amounts of boron, zirconium, magnesium, and carbon [15]. Other common additions 
are molybdenum, niobium, and tungsten, all of which play dual roles as strengthening solutes 
and carbide formers. Chromium and aluminium are also necessary to improve surface stability 
through the formation of Cr2O3 and Al2O3, respectively. The main role of the various 
elements in nickel alloys are shown in Table 2.1. In addition, deleterious elements such as 
silicon, phosphorus, sulphur, oxygen, and nitrogen must be controlled through appropriate 
melting practices. Elements such as selenium, bismuth and lead must be limited to very low 
(ppm) levels in alloys used for critical parts [15]. 
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Table 2.1. Role of alloying elements in Ni-base superalloys [15]. 
Elements Effect 
Co, Cr, Fe, Mo, W, Ta Solid-solution strengtheners 
W, Ta, Ti, Mo, Nb MC Type 
 
C
arb
id
e stab
ilizers 
Cr M7C3 type 
Cr, Mo, W M23C6 type 
Mo, W M6C type 
C, N M(CN) type 
Al, Ti, Ta Stabilizes γ' (Ni3 Al) 
Co Raises solvus temperature of γ' 
Nb Stabilizes γ'' (Ni3Nb) 
Al, Cr Oxidation resistance 
Cr Sulphidation resistance 
B, Zr, C Grain boundary strengtheners  
 
 
The major phases that can be found in nickel-base alloys are:  
 
• the gamma matrix, γ, is an fcc nickel-base nonmagnetic phase, that usually contains a high 
percentage of solid-solution elements such as cobalt, iron, chromium, molybdenum, and 
tungsten [15]. Pure nickel does not show a remarkably high elastic modulus or low 
diffusivity, which are two factors that promote creep strength. Although, for the most severe 
temperature and time conditions the gamma matrix is readily strengthened.  There are three 
factors which can explain the use of superalloys at very high temperatures, despite the 
relatively low creep strength of pure Ni : 1) the high tolerance of nickel for solutes without 
phase instability, 2) the tendency, with chromium additions, to form Cr2O3, thereby restricting 
the diffusion rate of metallic elements outward and the rate of oxygen, nitrogen, and sulphur 
inward, 3) the additional tendency, with high Al-contents at high temperatures, to form Al2O3 
scales, which display exceptional resistance to oxidation [15].  
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• the gamma prime, γ', is required for high-temperature strength and creep resistance [15]. It 
is an intermetallic compound of nominal composition Ni3Al, which retains its stability over a 
wide range of compositions. Other elements, especially titanium, niobium, tantalum are 
effective solid-solution stabilizers of γ' (Figure 2.1). 
 
Figure 2.1. Superimposed ternary phase diagrams Ni-Al-X [16], illustrating the effect of X 
on the extent of the γ' phase field at 1200°C. 
 
The morphology of γ' precipitates in Ni-base superalloys (Figure 2.2) is related to a matrix-
precipitate mismatch [17]. It is observed that when mismatches reach 0 to 0.2 %, γ' occurs as 
spheres, it becomes cuboidal for mismatches of 0.5 to 1 %, and it is plate-like at mismatches 
above about 1.25 %.  
• the gamma double prime, γ'', which consists of nickel and niobium and forms a body 
centered tetragonal (BCT) Ni3Nb structure [15]. It can be coherent with the gamma matrix, 
while including large mismatch strains of the order of 2.9 %. This phase is responsible for 
very high strength at low to intermediate temperatures, but unstable at temperatures above 
about 650 °C. This precipitate is found mostly in nickel-iron alloys and in Nb-rich alloys 
containing a low concentration of Al and Ti [15].  
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Figure 2.2. Typical microstructure of a cast Ni-based superalloys showing uniformly 
dispersed cubical γ’-phase in γ-matrix [17]. 
 
• carbides (MC) of elements such as titanium, tantalum, hafnium, and niobium. During heat 
treatment and service, these MC carbides tend to decompose and generate other carbides, such 
as M23C6 and/or M6C, which tend to form at grain boundaries [18].  
 
MC carbides (where M= Hf, Ta, Nb, Ti) are distributed heterogeneously through the alloy, 
both intergranularly and intragranularly, often interdendritically [15]. These carbides, for 
example TiC and HfC, are very stable compounds. The favoured order of formation (in order 
of decreasing stability) in superalloys for these carbides is HfC, TaC, NbC, and TiC. M atoms 
can substitute for each other as e.g. in (Ti, Nb)C. Also, the less reactive elements, mainly 
molybdenum and tungsten, can substitute in these carbides [15].  
 
Carbides of the type M23C6 are usually found at alloy grain boundaries as irregular, 
discontinuous, blocky particles, although plates and regular geometric forms have also been 
observed [15]. They are mainly formed in alloys with moderate to high chromium content. 
They form during lower temperature (760 to 980 °C), heat treatment and service as a result of 
decomposition of MC carbides. When tungsten or molybdenum is present, the approximate 
composition of M23C6 is Cr21(Mo, W)2C6. It has been shown that appreciable nickel can be 
substituted in the carbide, as well as, small amounts of cobalt or iron to substitute for 
chromium [15]. The morphology of these carbides precipitates strongly influences the 
properties of nickel alloys. Rupture strength is improved by the presence of discrete carbide 
precipitates, apparently through the inhibition of grain-boundary sliding [15]. However, 
failure can start either by fracture of carbide precipitates or by decohesion of the 
carbide/matrix interface [18].  
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Carbides of the type M6C form as blocky precipitates at grain boundaries and less often in 
form of Widmanstätten microstructure [8]. M6C carbides have a complex cubic structure and 
can be formed when the molybdenum and/or tungsten content is more than 6 to 8 at. %, 
typically in the temperature range of 815 to 980 °C. Typical formulas for these carbides are 
(Ni, Co)3Mo3C and (Ni, Co)2W4C. They are more important as a grain-boundary precipitate 
for controlling grain size during the processing of wrought alloys than M23C6, due to a wider 
range of stability [8]. 
 
• minor additions for GB-strengthening, a relatively low density of boride particles forms 
when boron segregates to grain boundaries [15]. Small amounts of boron and zirconium 
(about 0.01 wt. % each) are added to the alloy to improve creep-rupture strength. Borides are 
hard, blocky particles that are observed at alloy grain boundaries. The boride found in 
superalloys as M3B2, (M=Cr, Mo, W) has a tetragonal unit cell [15]. Boron can also release 
carbon into the grains and hence, reduce carbide precipitation at grain boundaries. 
Furthermore, the segregation of misfitting atoms to the grain boundaries can lead to a 
decrease in grain-boundary diffusion rates.  
 
• topologically close-packed (TCP) type phases, which are plate-like or needle-like phases 
such as σ and μ that may form for some compositions under certain conditions [15]. In some 
alloys, if the composition has not been carefully controlled, the undesirable phases can form 
either during heat treatment or, more commonly, during service. The TCP precipitates can 
reduce rupture strength and ductility. Nickel alloys are prone to formation of σ and μ phases, 
of the alloy contains a high level of elements like tantalum, niobium, chromium, tungsten, and 
molybdenum. 
 
2.3. Development of Ni-based superalloys processing  
 
The first materials used for blading applications were wrought alloys (Figure 2.3). Most 
common additions to achieve solid solution strengthening of these alloys were chromium, 
cobalt, molybdenum and tungsten [19]. 
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Figure 2.3. Alloys development for gas turbine blades [19]. 
 
The strength could also be improved by precipitation of the γ’ – Ni3Al intermetallic phase (as 
explained in the previous Chapter 2.2). Table 2.2 shows typical compositions of Ni-base 
superalloys.  
 
The material and casting techniques have improved dramatically during the last 50 years. This 
allowed the manufacturing of components from nickel base alloys containing lower amounts 
of e.g. addition of oxygen affine elements such as Al and Ti. 
 
Advanced cast Ni-base superalloys contain higher Al and lower Cr contents than materials 
from earlier developments, in order to obtain an optimum combination of increased creep 
rupture strength and suppression of deleterious TCP phase formation [20-21].  
 
Alloy grain boundaries are easy diffusion paths and therefore reduce the resistance of the 
material to creep deformation [21]. Development of directional solidified (DS) casting 
processes resulted in a significant increase in creep strength, ductility and thermal fatigue 
resistance. This technology is used to produce components with low modulus <100>-oriented 
columnar grains, aligned parallel to the longitudinal or principal stress axis (Figure 2.4). 
Developments of turbine blades in form of single crystals enabled to design alloy 
compositions without the grain boundary strengtheners B, Hf, Zr, and C. Elimination of these 
elements results in an increase in the incipient melting temperature [22]. The single-crystal 
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alloys can therefore be heat treated at temperatures in the range of 1240-1330°C, allowing the 
dissolution of coarse γ'. Subsequent heat treatment at lower temperatures can, therefore, be 
used to achieve a controlled and fine-scale precipitation of γ'.  
 
 
Table 2.2.  Designations and compositions of typical Ni-base superalloys [19]. 
 Name Composition (wt. %) 
Wrought alloys Hastelloy X Ni-22Cr-18Fe-9Mo 
Inconel 617 Ni-22Cr-12Co-9Mo-Ti/Al. 
Haynes 230 Ni-22Cr-14W-Mo 
Cast alloys IN 738 Ni-16Cr-8Co-2W-2Mo-2Ta-3Al-4Ti 
IN 939 Ni-23Cr-19Co-2Nb-2W-2Al-3Ti 
Rene80 Ni-14Cr-9Co-4Mo-5Ti-3Al 
Directionally solidified alloy Siemet DS Ni-12Cr-9Co-5Ta-1.9Mo-3.8W-3.6Al-4.2Ti 
Single crystal alloys PWA 1483 Ni-12Cr-9Co-4.2Ti-3.6Al-1.9Mo-3.8W-5Ta 
CMSX 4 Ni-6.5Cr-9Co-1Ti-5.6Al-0.6Mo-6W-6.5Ta 
CMSX 6 Ni-10Cr-5Co-4.8Al-4.7Ti-3Mo-2Ta 
 
 
 
 
Figure 2.4. Comparison of macro- and microstructures in a) polycrystalline, b) directionally 
solidified and c) single-crystal turbine blades of Ni-base alloys [19]. 
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3.  Oxidation behaviour of superalloys 
 
3.1. Thermodynamics of metal oxidation 
 
The reaction between a metal (M) and oxygen from the surrounding atmosphere leads to 
formation of an oxide [23]. This reaction for the simplest case of the oxide MO2 can be 
written as: 
 
22 MOOM             (3.1) 
 
The driving force (the Gibbs free energy of oxide formation) for the above reaction (3.1), for 
constant temperature and pressure, is given by [23]: 
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where: 
0G -  standard Gibbs free energy, 
R -  gas constant, 
T -  temperature, 
a -  activity of the species, 
2O
p   - oxygen partial pressure  
 
 
Under thermodynamic equilibrium ΔG = 0. The standard Gibbs free energy (ΔG0) per mole of 
oxygen can be used to compare the stabilities of the various metal oxides, depending on 
temperature and oxygen partial pressure of the atmosphere.  
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For unit metal and oxide activities, corresponding to pure metal and oxide Equation (3.3) may 
be used for plotting in the form of a so-called Ellingham diagram, as shown in Figure 3.1. 
Oxides with a high thermodynamic stability, like Al2O3, SiO2, Cr2O3, possess low dissociation 
pressures. 
The additional Y-axis, labelled pO2 is used to determine what partial pressure of oxygen will 
be in equilibrium with the metal and metal oxide at a given temperature. The equilibrium pO2 
for a given metal/oxygen reaction can be obtained by drawing a line from the point labelled O 
(upper left corner of the diagram) through the line of interest at a fixed temperature. The 
equilibrium partial pressure is read off at the point where the drawn line crosses the additional 
Y-axis.  
 
 
Figure 3.1. Ellingham-Richardson diagram showing standard free energies of formation for 
selected oxides as a function of temperature and the equilibrium 2pO [4]. 
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The standard Gibbs free energies (ΔG0) and oxide dissociation pressures for various oxides 
can be derived from Figure 3.1. As can be seen, at 1050°C Al has the highest O-affinity from 
the major superalloy elemental constituents, which promotes selective oxidation of Al in 
MCrAlY coatings and some superalloys.  
 
3.2. Oxidation kinetics 
 
 
When a continuous compact oxide layer forms on the alloys surface the reaction rate is 
commonly limited by diffusion of the reactants through the scale. The mechanism of oxide 
scale growth by diffusion was first described by Wagner [4-5,24]. Metal cations and oxygen 
anions will tend to migrate across the scale in opposite directions and consequently gradients 
of metal activity and oxygen partial pressure are established across the scale, as shown in 
Figure 3.2.   
 
Figure 3.2. Schematic of oxide scale formation based on Wagner’s model [4-5, 24]. 
 
 
Assuming that the scale growth proceeds via cation vacancies, the outward cation flux 2Mj  is 
equal and opposite to the inward flux of cation defects [24]. The flux can be described by 
Fick’s 1st law of diffusion:  
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where, 
MV
D  – diffusion coefficient for cation vacancies 
''
MV
C and '
MV
C  - vacancy concentration at the scale /gas and scale /metal interface respectively.  
 
The scale thickening rate is proportional to the vacancy flux [24]: 
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Integrating Equation (3.5) leads to the common parabolic rate law: 
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If x = 0 at t = 0 then: 
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The case of parabolic oxidation prevails, if a number of assumptions made by Wagner [24], 
are fulfilled. If one or more of these assumptions are not fulfilled different types of scaling 
kinetics may occur. A technologically important case is the α-Al2O3 formation on reactive 
element containing high-temperature alloys and coatings [5]. In such case the growth of 
protective α-Al2O3 often follows a subparabolic time dependence which may be described by: 
 
ntkx  '            
(3.9)
 
where n is frequently 0.33 ≤  n  ≤ 0.5 [5]. 
 
The reason for this deviation from the parabolic law is that scale growth occurs not via lattice 
diffusion, but rather through grain boundaries, whereby the grain boundary density decreases 
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with increasing thickness of the scale which possesses a columnar oxide microstructure [25-
26]. 
Oxidation kinetics are frequently described from weight change measurements. Therefore 
Equation (3.7) is commonly written in the form: 
 
  tkm w 
2
           (3.10) 
 
where Δm is the area specific weight gain e.g. in mg·cm-2. 
 
3.3. Formation of protective oxide scales 
 
A crucial factor for the lifetime of gas turbine components is formation of a slow growing and 
adherent oxide scale on the oxidation protection coating and/or the Ni-base substrate. First of 
all, the so-called Pilling-Bedworth ratio (PBR), has to be considered for protective oxide scale 
formation. The PBR is the ratio between the volume of oxide formed and the volume of metal 
consumed to form the oxide. Continuous, gas tight oxide scales can be expected only if the 
PBR is larger than 1, e.g. PBR (Al2O3/Al) =1.28; PBR (Cr2O3/Cr) =2.07; and PBR (FeO/Fe) 
=2.10 [5]. However, if the PBR is much larger than two, as it is the case for a number of 
metals such as W or Mo, high growth stresses in the oxide scale occur, which tend to result in 
oxide scale cracking and spallation. 
 
Based on the growth rate, Al2O3, Cr2O3 and SiO2 are typically considered as protective oxide 
layers on high temperature materials (Figure 3.3). However, SiO2 is unstable at low pO2 due 
to the formation of volatile SiO. In addition, at high pO2 and pH2O pressures formation of 
volatile SiO(OH)4 at T above 1000°C becomes an issue [5]. Moreover, a high Si-content in 
the coatings or in the alloy required for obtaining external silica formation would negatively 
influence their mechanical properties, especially ductility. Since the turbine component 
operating temperatures are sometimes higher than 1000°C, Al2O3 scales are preferred 
compared to Cr2O3 scales because the latter show faster growth rates and are prone to 
volatilization in the form of CrO3 and/or CrO2(OH)2 at high pO2 [27]. 
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Figure 3.3. Parabolic rate constants for the growth of various oxide scales as a function of 
temperature [5]. 
 
 
3.4. Effect of main scale forming alloying elements, Cr and Al, on oxidation 
behaviour of Ni-based alloys 
 
According to earlier studies of NiCrAl alloys with different contents of Al and Cr three types 
of oxidation behaviour can be expected for these materials (Figure 3.4, [5, 28]): 
(III) external Al2O3 scale, 
(II) external Cr2O3 scale + internal Al2O3 precipitates, 
(I) external NiO scale + internal Al2O3 /Cr2O3 precipitates in the sub-surface zone. 
 
 - 30 - 
 
Figure 3.4. Oxidation map for ternary NiCrAl alloys during isothermal exposure in air at 
1000 -1100°C. Area III represents external Al2O3 formation, area II external Cr2O3 + internal 
Al2O3 formation, and area I external NiO + internal oxidation of Cr and Al [5], based on 
experimental data from [28]. 
 
 
From Figure 3.4 it can be seen that the addition of Cr to Ni-Al alloys results in promoting 
exclusive alumina scale formation. For example, in the binary system Ni-Al, 15% of Al is 
required for the external alumina scale formation, while the addition of 10 % Cr, in the 
ternary system Ni-Al-Cr, reduces this critical concentration of Al to approximately 2 %. The 
mechanism of the Cr effect to decrease the critical Al content (NAl
*
) for external scale 
formation can be rationalized using Wagner’s condition for the transition from internal to 
external oxidation [29]. 
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where: 
DO and DAl are the diffusion coefficients of oxygen and aluminium in the alloy respectively,  
NO
(S)
 is the oxygen solubility in the alloy,  
ν is the valence of the metal in the oxide per mole,  
VOX and Vm are the molar volumes of the oxide and metal, respectively, 
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g* is the critical value of the volume fraction of oxide for the transition from internal 
oxidation to external scale formation to occur. The value of g*, which can be presented 
as 








m
OX
V
V
fg  is commonly approximated as 0.3 [5].  
 
From Equation (3.9) it can be seen that the critical Al-content for external alumina formation 
depends on )(SON , OD
 
and AlD . The effect of Cr on promoting external oxidation of Al results 
from one of these factors. From Figure 3.1 it follows that the dissociation pressure of Cr2O3 is 
significantly lower than that of NiO. Therefore, alloying with Cr and consequently forming of 
Cr-rich oxide during the transient oxidation stages can significantly reduce the oxygen 
solubility in the Ni matrix, thereby lowering significantly NAl
*
 in Equation (3.9).  
 
Although alumina scales are characterized by excellent protective properties, which are the 
result of high thermodynamic stability and low growth rate, sudden, unannounced breakdown 
of alumina forming alloys and coatings (i.e. formation of non-protective Ni and Co-based 
oxides) may occur during long time exposure at high temperature. The so-called breakaway 
oxidation results from a depletion of aluminium from the alloy (or coating) and is especially 
fast for the components with a small Al-reservoir (small thickness, low Al-content). The time 
to breakaway oxidation can be shortened by enhanced Al consumption as a result of repeated 
spallation and subsequently re-healing of the scale, which is a common event under 
temperature cycling conditions [23, 30- 31]. If growth and re-healing of the oxide scale leads 
to a decrease in the Al-concentration below a critical level (compare with Equation 3.9), 
breakaway oxidation occurs. Due to the high oxide growth rates accompanied by this effect, 
the time at which breakaway occurs, represents the lifetime limit of the component [32-33]. 
The time to breakaway of the component can be significantly shortened by exposing it to an 
atmosphere containing other corrosion species in addition to oxygen, especially sulphur. 
Sulphidation may promote breakaway oxidation of Ni-base alloys, as will be discussed in 
Chapter 4. 
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3.5. Effect of strengthening alloying additions on oxidation behaviour of Ni-base 
superalloys 
 
In the previous Chapter it was shown that additions of Cr and Al to the superalloys are 
necessary for obtaining protective oxide scale formation. In order to meet the strength 
requirements, the Ni-base superalloys used in gas turbine components at high temperature 
possess a complex chemistry (see Table 2.2). For instance, cobalt, molybdenum, tungsten, 
titanium and tantalum are added to obtain solid solution strengthening and/or precipitate 
strengthening. The main strengthening phase in Ni-base alloys is γ′ - Ni3Al. This phase is 
stabilized by addition of mainly Ti and Ta [5]. Some minor elements, like boron, carbon or 
zirconium are used to improve grain boundary strength in polycrystalline alloys. All these 
elements can, at least in principle, also affect the alloy oxidation resistance. There are 
indications from previous studies for positive effects of some of these elements, as well as, 
negative effects of some other elements on oxidation performance of nickel base alloys [34-
36].  
According to Barrett et. al. [34], who studied model Ni-base alloys, the best oxidation 
behaviour was shown by materials with high Al- and low Cr-contents combined with high 
Mo-, Ta- and W-addtion and low Ti-contents.  In addition, a detrimental effect was found for 
boron, which was claimed to lead to formation of nickel oxide rather than Al2O3 on alloys 
expected to form protective alumina scales. A mechanism for this effect was not provided.  
Yang [35] observed that Ti has a negative effect on the oxidation resistance of NiCrAl-model 
alloys, in agreement with the results in [34]. Furthermore, Yang claimed that Ta promotes 
alumina formation when its content is around 1 at.  % but when it reaches 3 at. % it promotes 
the formation of mixed oxide scales, which are less protective, thus enhancing the oxidation 
rate.  
The effect of boron addition in NiCrAl-model alloys was studied by Khanna et al. [36]. They 
showed that additions of B and S were deleterious for oxidation behaviour of alumina forming 
nickel base alloys. Both elements increased the oxidation rate due to formation of a mixed 
oxide scale as well as a more extensive scale spallation in comparison to pure, well adherent 
alumina on the reference B and S free alloy.  
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Adhesion of the oxide scales on Ni-base alloys can be significantly improved by addition of Y 
as well as other so-called reactive elements (RE) [37]. The beneficial effect of RE-additions 
was claimed to be due to suppression of void formation at the scale/alloy interface, improving 
the bonding at the scale/metal interface or changing the scale growth mechanism [5, 37].  
Contrary to the effect of Cr and Al contents there is no general agreement in the literature, 
regarding the influence of most of the other alloying elements on the oxidation behaviour. 
Furthermore, with the exception of the RE-effect, the mechanisms responsible for the 
experimental observations were hardly elucidated [34-36].  
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4.  Reaction of superalloys in sulphur containing gases 
 
4.1. Hot corrosion 
 
Extensive studies on the corrosion behaviour of Ni-base superalloys in S-containing gases 
were performed in the 1960-1970’s (see e.g. summaries in [4-5]). The focus of most of these 
studies was deposit induced hot corrosion, which may occur in high temperature 
environments and commonly two types of corrosion attack are described. Type I hot corrosion 
occurs at temperatures around 900° C, whereas type II occurs in the range of 700° C to 750° 
C. It is known that sulphur impurities in fuel upon combustion tend to form SO2 and SO3, 
which reacts with alkali metals to produce stable sulphates. Small amounts of salt in the air 
are sufficient to promote the formation of Na2SO4 deposits on the component surfaces. 
Sodium sulphate has a melting point of 884°C and can thus condense as a liquid on 
components exposed to combustion gas [6]. The reaction of this liquid phase with the oxide 
scale is the trigger for type I hot corrosion. However, hot corrosion may also occur well below 
the Na2SO4 melting point. Numerous papers exist which show that rapid attack at lower 
temperatures (see e.g. [7]), known as type II hot corrosion, may occur as a result of formation 
of NiSO4–Na2SO4 or CoSO4–Na2SO4 eutectic melts.  
 
The hot corrosion morphology can be typically described by a thick, porous layer of oxides 
with the underlying alloy matrix depleted in chromium, followed by internal chromium-rich 
sulphides [38]. It is generally believed that, to initiate hot corrosion attack, a molten sodium 
sulphate deposit is required. The temperature range for hot corrosion attack is, in general, 800 
to 950 °C, depending on alloy composition. The lower starting point temperature is referring 
to the melting temperature of the salt deposit, and the upper temperature is the salt dew point 
[38]. This type of corrosion process is sometimes referred to as Type I hot corrosion to 
differentiate it from Type II hot corrosion, which occurs at lower temperatures (Figure 4.1) 
[39]. Type I hot corrosion generally proceeds in two stages: an incubation period exhibiting a 
low corrosion rate, followed by accelerated corrosion attack after longer exposure times. The 
incubation period is related to the formation of a protective oxide scale. Initiation of 
accelerated corrosion attack is believed to be related to the breakdown of the initially formed 
protective oxide scale. Several mechanisms have been proposed to explain the accelerated 
corrosion attack; the salt fluxing model is probably the most widely accepted. Oxides can 
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dissolve in Na2SO4 as anionic species (basic fluxing) or cationic species (acid fluxing), 
depending on the salt composition [40]. Salt is acidic when it is high in SO3, and basic when 
low in SO3.  
 
“Low-temperature” or Type II hot corrosion has been observed at temperatures lower than the 
temperature range where Type I hot corrosion has been encountered. The mechanism of low-
temperature hot corrosion attack involves the formation of the low melting Na2SO4-Co2SO4 
(melting point of 565 °C) or Na2SO4-Ni2SO4 (melting point of 761 °C) eutectic. Nickel-base 
alloys were, in general found to be more resistant to Type II hot corrosion than cobalt-base 
alloys [41].  
 
 
Figure 4.1. Corrosion rate of Ni-base alloys in sulphur-containing exhaust gases of a gas-
turbine (schematic) [38-39]. 
 
 
Several investigations have shown that enhanced corrosion in S-containing gas may also 
occur in SO2-containing gases at temperatures above the Na2SO4 dew point. The effect may 
significantly reduce the component lifetime by tying up elements required for protective scale 
formation, in particular Cr [42], thereby promoting breakaway oxidation, as will be discussed 
in the following Chapter.  
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4.2. Sulphidation without deposits 
 
The following reactions have to be considered for a metal M in an environment containing 
both oxygen and sulphur [42]: 
 
MOOM  2
2
1
         
 (4.1) 
MSSM  2
2
1
         
 (4.2) 
In the gas system S2 – O2 – SO2 the reaction: 
222
2
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must also be considered.                                          (4.3)        
      
 
Depending on the prevailing conditions, several other equilibria can be significant (see e.g. 
[42]). Based on reactions (4.1) and (4.2), the equilibrium oxygen and sulphur activities in the 
gas can be defined: 
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Furthermore, from Equation (4.3) it is apparent that the sulphur and oxygen partial pressures 
are related by the equation: 
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where: )(0 XG is the standard free energy of formation of component X, R is the gas 
constant; T is the absolute temperature [43-44]. 
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Equations (4.4) to (4.5) can be plotted in the form of a stability diagram, such as that shown in 
Figure 4.2. In Figure 4.2 the metal containing phases are shown as solids. The vertical line A 
in the diagram represents the metal-oxide equilibrium and thus corresponds to the equilibrium 
dissociation pressure of MO (Equation 4.4). The horizontal line B represents the metal-
sulphide equilibrium and thus corresponds to the equilibrium sulphide dissociation pressure 
(Equation 4.5). Line C is formed by the equilibrium of the reaction: 
22
2
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2
1
OMSSMO 
        
 (4.7) 
 
 
  
Figure 4.2. Schematic thermodynamic stability diagram for the M-S-O system [42], showing 
1- area, where no internal sulphide can be formed, 2 – area, where sulphides can be formed 
due to molecular transport of sulphur through the scale and 3 – area, where sulphides can be 
formed due to lattice diffusion of sulphur.   
 
 
For most of the combustion environments in a gas turbine, high oxygen partial pressures 
prevail. This means that according to thermodynamics only oxide should be stable in 
equilibrium with the operating atmosphere. In many cases, however, exposure to such 
environments resulted in sulphide formation underneath the oxide scale. The mechanisms, 
which can explain this observation, are discussed below. 
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There are two possible mechanisms which can account for migration of sulphur through the 
oxide scale: lattice or grain-boundary diffusion of sulphur atom/ions and transport of gas 
molecules via physical defects [42]. Figure 4.3 summarizes the two possible modes of 
sulphur transport through the growing oxide scale. 
 
 
 
Figure 4.3. Schematic representation of possible mechanisms for sulphide formation under 
the growing oxide scale [42]. 
 
 
4.3. Sulphur transport by atomic diffusion 
 
If a metal is exposed to sulphur containing atmospheres which is located in the oxide field of 
the stability diagram, sulphur might dissolve in the oxide and diffuse to the metal/oxide 
interface to form sulphides below the oxide scale. The necessary condition to diffuse through 
the oxide layer is that the sulphur partial pressure at the scale/gas interface is higher than that 
at the metal/scale interface [42]. Considering Equations (4.2) and (4.5), and using simple 
mathematical conversion, the condition, which has to be fulfilled for sulphur to dissolve and 
diffuse through the oxide scale and cause sub-scale sulphide formation, is [42]: 
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That means that, to allow the formation of sulphides at the scale/metal interface in the case of 
S-transport by lattice diffusion, the sulphur partial pressure at the outer part of a growing scale 
must correspond to the double shaded field 3 in Figure 4.2.   
 
4.4. Sulphur transport by SO2 molecules 
 
 
In the oxide scale the equilibrium oxygen partial pressure at every position is given by: 
 
RT
MOG
ap MO
)(2
exp
0
2
2

 
        
 (4.9) 
 
Due to decomposition of SO2 and under assumption that the oxygen partial pressure, in the 
case of molecular sulphur transport through the scale, is controlled by Equation (4.9), the 
sulphur partial pressure in every position in the oxide is given by: 
  
RT
MOGSOG
Pap SOMS
)(4)(2
exp
0
2
0
24
22

       (4.10) 
 
It is apparent that sulphides can form in the scale if the partial pressure of sulphur is locally 
higher or equal to the dissociation pressure of the respective sulphide. Further transformation 
leads to a formula for the minimum partial pressure of sulphur dioxide in oxidizing 
atmospheres, above which sulphides may form underneath or within the oxide scale, Equation 
(4.11) [42]. 
 
RT
SOGMOGMSG
pSO
)()(2)(
exp(min) 2
000
2

      (4.11) 
 
 In Figure 4.2 this limiting sulphur dioxide pressure is marked by the inserted dashed line, 
which represents the SO2 partial pressure in equilibrium with metal, oxide and sulphide. It is 
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clear that, with a sulphur dioxide partial pressure higher than (min)
2SO
p , sulphides can be 
formed beneath the oxide scale even if the sulphur partial pressure in the bulk gas is below the 
dissociation partial pressure of the sulphide (hatched area 2), i. e. below the line limiting area 
2. Only when the SO2 pressure is lower than (min)
2SO
p , no sulphides can form underneath the 
oxide scale [42].  
 
4.5. Sulphidation resistance of commercial Ni-base alloys in atmospheres 
without deposits. 
 
 
Environmental resistance of Ni-base superalloys was investigated by many authors. The 
results mostly relate to sulphate-induced (hot) corrosion [6-7, 34-42, 45], of which the 
mechanisms were briefly discussed in Chapter 4.1.  
 
The studies of corrosion by sulphur when no deposit is present can be grouped into three 
different types of environments [45]: 1) sulphur vapour, hydrocarbon steams containing no 
hydrogen gas, H2S and H2-H2S; 2) reducing, mixed gas environments with low oxygen and 
high sulphur potential; 3) SO2-bearing environments with high pO2. 
 
In the first group of the above mentioned corrosion environments (sulphur vapour; no H2) the 
corrosion products found on commercial alloys are essentially sulphides [46, 47, 48, 49]. 
Available data for Fe-, Co-, and Ni-base alloys generally follow a similar trend of decreasing 
sulphidation rate with increasing Cr content. The Ni-Cr-system seems to have the poorest 
resistance to sulphidation attack from all three types of materials. NiCr- alloys showed a 
change from a parabolic to linear kinetics. It was found that addition of Al is beneficial for the 
behaviour of NiCr, FeCr and CoCr alloys [46]. 
 
The corrosion atmospheres of the second type contain H2, CO, CO2, H2O, H2S and other 
gaseous components with an oxygen and sulphur potential high enough to form oxides as well 
as sulphides [45]. Sulphidation behaviour in these types of environments was extensively 
studied during the 1970s and 1980s, as well as the early 1990s in a number of research 
programs on coal gasification. These studies have shown that alloys exposed to these 
environments are protected by oxide scales at first. During longer time exposures the oxide 
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scales are destroyed and rapid sulphidation attack occurs accompanied by formation of 
sulphide based scales [45, 50, 51, 52].  
 
Most corrosion studies concerning SO2-containing, high pO2 environments have been 
conducted in either pure SO2 or SO2-O2 mixtures. The investigations concerned mostly pure 
metals [53, 54, 55] or binary alloys. Only very few references [56] can be found which 
consider the behaviour of commercial alloys in SO2-bearing atmospheres.  
 
The resistance of the commercial alloys increases with increasing Fe and Cr contents due to 
increased melting temperature of the respective metal sulphides [51]. Alloys with more than 
25 wt. % Cr are considered to be resistant against liquid sulphide formation [51]. 
Furthermore, it was found that Co can be a beneficial alloying element in all sulphur 
containing environments [45]. Higher Co-content is claimed to increase the alloy’s resistance 
by decreasing the diffusion rate of S in the alloy matrix and by reducing the risk of formation 
of Ni – NiS eutectics [51]. Effects of alloying additions other than Cr and Al on the 
sulphidation resistance have hardly been studied. 
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5.  Aim of the present studies 
 
In order to increase the efficiency and decrease the costs of power generation, gas turbines 
have to be able to operate using a wide range of fuels. In the future the use of alternative fuels, 
such as crude oil, biogas or unclean syngas will significantly increase. Many of the alternative 
fuels contain substantial amounts of contaminants, especially sulphur. This means that gas 
turbine components will be exposed to environments in which not only oxidation but also 
sulphidation will be an issue.  
In the first stages (hot sections) of the modern gas turbines the component surfaces experience 
temperatures which are significantly higher than those required for the occurrence of deposit 
induced hot corrosion. Such components are typically coated with protective coating systems, 
including MCrAlY-coatings and thermal barrier coatings [10-13, 51]. However, during 
service, after long term cyclic temperature exposure coatings may crack or spall, thereby 
allowing direct access of the hot gases to the superalloy’s surface. In addition, turbine blade 
tips are often not coated thus enabling reaction of the service environment with the base 
metal. Therefore, the oxidation resistance of the base materials, i.e. Ni-base superalloys, 
becomes an important factor for the lifetime of the component. 
High temperature exposure to SO2 containing, high pO2 gases in absence of deposits can lead 
to internal sulphidation, which can significantly reduce the component lifetime by tying up 
elements required for protective scale formation, such as Cr [42]. Therefore high Cr contents 
are generally considered to be beneficial for the resistance against sulphidation (as well as hot 
corrosion). However, the compositions of the Ni-base superalloys have been modified 
significantly in recent years in order to increase creep rupture strength. Specifically, the 
content of chromium was decreased and the aluminium content increased. The changes in 
chemical composition during the development of these alloys also involved e.g. the addition 
of Ta, which is an effective γ'-stabilizer. A second development strategy for the Ni-base alloys 
in recent years was reducing alloy grain boundary density, as it is well known that alloy grain 
boundaries are easy diffusion paths and therefore reduce the resistance of the material to creep 
deformation [19-22, 51]. Therefore, directionally solidified and single crystal alloys were 
developed with a result that carbon, zirconium and boron-contents were significantly reduced 
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or removed from the nominal alloy compositions, whereas in the conventionally cast materials 
with high Al and lower Cr-contents additions of C, Zr and B are commonly present.  
 
The above mentioned developments in the chemistry and microstructure of the materials are 
expected to have a significant effect on the alloy oxidation and corrosion resistance. The 
literature review revealed that there is little information on the behaviour of commercial Ni-
base alloys in high pO2, SO2 containing gases. Furthermore, the effect of alloying additions, 
such as Ti, Ta, etc. on oxidation behaviour has not been extensively studied and /or 
mechanistically clarified.  
 
Therefore, the aim of the present investigation was to study the effect of SO2 on the oxidation 
behaviour of Ni-base superalloys in high pO2 environments. For this purpose, screening tests 
of commercial alloys commonly used in stationary gas turbines, were performed at 1050°C to 
establish the sensitivity of alloys to the presence of SO2 in the test gas (synthetic air).  
 
Based on the screening test results, commercial Ni-base superalloys of similar composition 
were chosen to determine the effect of alloy chemistry and/or microstructure on the resistance 
against enhanced attack by SO2. In the first part of the thesis, the behaviour of alloys with 12-
14 % Cr and 3-4 % Al, namely PWA 1483 and Rene 80, in synthetic air is compared with that 
in synthetic air + SO2 at 1050°C. For a detailed investigation concerning the influence of the 
main alloying elements of interest (Ti and Ta), model alloys were produced. The oxidation 
mechanism of commercial and model alloys was studied, using a number of surface analytical 
techniques after isothermal and discontinuous exposure in synthetic air and synthetic air with 
2 % SO2.  
 
The second part of this investigation concerns the behaviour of Ni-base superalloys with 5-6 
% Al and 6-8 % Cr. For comparison two alloys were chosen: CMSX 4 and CM 247. For 
elucidating the observed differences in the oxidation/sulphidation resistance a number of 
model alloys with variation in minor alloying addition were produced and studied in oxidation 
experiments combined with extensive post-exposure analytics.  
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6.  Experimental  
 
6.1. Materials 
 
The specimens investigated in the current investigation can be divided into two groups. The 
main group of tested materials represents commercial Ni-base superalloys commonly used in 
the hottest part of the gas turbine. Based on the results of screening oxidation tests, 4 
commercial alloys were chosen for more detailed studies, Rene 80 and PWA 1483, followed 
by CM 247 and CMSX 4. Additionally, several model alloys were produced to study the 
effect of particular alloying additions.  
 
The nominal compositions of the commercial alloys are listed in Table 6.1. In addition, 
chemical analyses of the chosen commercial Ni-base alloys are presented in Table 1 and 
Table 2 in Appendix 1.  
 
Chemical analyses by ICP-OES revealed that the compositions were very similar to the 
nominal ones. The contents of C, S, N and O were measured using combustion analysis with 
infrared spectroscopy and thermal conductivity detectors.  
 
Compositions of the model alloys studied in the present investigation are listed in Table 6.2. 
The motivation for the choice of the model alloy compositions will be explained in the 
respective chapters during discussing experimental results. The results of the ICP-OES 
analysis (Table 3 in Appendix 1) show for most of the elements only minor deviations from 
the nominal compositions. The exceptions are the Y-contents in all model alloys which are 
measured to be below 0.01 wt. % as well as B-contents in Ref 2-type model alloys (which are 
slightly higher than the nominal values). A possible reason for the deviation could be 
oxidation of yttrium during alloy melting and/or casting. The model alloys were heat treated 
(1100°C for 24 h) before the oxidation experiments.  
 - 45 - 
T
a
b
le
  
6
.1
. 
  
N
o
m
in
al
 c
o
m
p
o
si
ti
o
n
s 
o
f 
st
u
d
ie
d
 N
i-
b
as
e 
su
p
er
al
lo
y
s 
(w
t.
 %
).
  
S
e - - - - - - - - - 
0
.0
1
 
- - - - - - - 
 
S
*
 
- - - - - - - - 
0
.0
2
 
0
.0
3
 
- - - - - - - 
 
C
u
*
 
- - - - - - - - 
0
.5
0
 
- - - - - - - - 
 
P
*
 
- - - - - - - - 
0
.0
2
 
0
.0
4
 
- - - - - - - 
 
S
i - - - - - - - - 
0
.5
0
 
1
.0
0
 
0
.2
0
 
0
.4
0
 
- - - - - 
 
M
n
 
- - - - - - - - 
0
.5
0
 
- 
0
.5
0
 
0
.5
0
 
- - - - - 
 
F
e - - - - - - - - 
3
.0
0
 
1
8
.5
0
 
3
.0
0
 
3
.0
0
 
- - - - - 
 
N
b
 
2
.0
0
 
- - - - 
1
.0
0
 
0
.8
0
 
- - - - - - - - - - 
 
Z
r
 
0
.0
6
 
0
.0
4
 
- - - 
0
.1
0
 
0
.0
5
 
0
.0
3
 
- - 
0
.1
0
 
- - 
0
.0
3
 
- 
0
.0
1
 
- 
 
H
f - - - - 
0
.1
0
 
   - - - - 
0
.1
0
 
0
.0
3
 
- 
1
.4
0
 
0
.1
0
 
 
C
 
0
.1
0
 
0
.1
6
 
- - - 
0
.1
5
 
0
.0
9
 
0
.0
7
 
0
.1
0
 
0
.1
0
 
0
.0
5
 
0
.0
7
 
- 
0
.1
7
 
0
.0
1
 
0
.0
7
 
- 
 
B
 
0
.0
1
 
0
.0
2
 
- - - 
0
.0
1
 
0
.0
1
 
0
.0
1
 
0
.0
1
 
0
.0
1
 
0
.0
1
 
0
.0
0
 
- 
0
.0
2
 
- 
0
.0
2
 
- 
 
R
e - - - 
2
.5
0
 
- - - - - - - - 
3
.0
0
 
- - - 
3
.0
0
 
 
T
a
 
2
.0
 
- 
2
.8
 
2
.3
 
2
.0
 
1
.4
 
1
.7
 
5
.0
 
- - - - 
8
.7
 
- 
5
.0
 
3
.2
 
6
.5
 
 
W
 
- - 
9
.5
 
3
.5
 
- 
1
.6
 
2
.5
 
3
.8
 
- 
0
.6
 
- 
1
4
.0
 
5
.9
 
4
.0
 
3
.8
 
1
0
.0
 
6
.0
 
 
M
o
 
4
.5
 
3
.0
 
- 
2
.0
 
3
.0
 
- 
1
.7
 
1
.9
 
9
.0
 
9
.0
 
- 
2
.0
 
1
.9
 
4
.0
 
1
.9
 
0
.5
 
0
,6
 
 
T
i 
1
.0
 
4
.7
 
2
.2
 
1
.0
 
4
.7
 
3
.7
 
3
.5
 
4
.2
 
0
.6
 
- - - - 
5
.0
 
4
.2
 
0
.7
 
1
.0
 
 
A
l 
6
.0
 
5
.5
 
5
.5
 
6
.5
 
4
.8
 
1
.9
 
3
.5
 
3
.6
 
1
.2
 
- 
4
.5
 
0
.3
 
5
.6
 
3
.0
 
3
.6
 
5
.6
 
5
.6
 
 
C
r 
1
4
.0
 
1
0
.0
 
8
.5
 
6
.1
 
1
0
.0
 
2
2
.4
 
1
6
.0
 
1
2
.0
 
2
2
.0
 
2
2
.0
 
1
6
.0
 
2
2
.0
 
5
.0
 
1
4
.0
 
1
2
.0
 
8
.0
 
6
.5
 
 
C
o
 
0
.5
 
1
5
.0
 
5
.0
 
7
.5
 
5
.0
 
1
9
.0
 
8
.5
 
9
.0
 
1
2
.5
 
1
.5
 
- 
5
.0
 
1
0
.0
 
9
.5
 
9
.0
 
9
.0
 
9
.0
 
 
A
ll
o
y
 n
a
m
e
 
IN
 7
1
3
 
IN
 1
0
0
 
S
R
R
 9
9
 
L
E
K
 9
4
 
C
M
S
X
 6
 
IN
 9
3
9
 
IN
 7
3
8
  
S
ie
m
et
 D
S
 
IN
 6
1
7
 
H
a
st
a
ll
o
y
 X
R
 
H
a
y
n
es
 2
1
4
 
H
a
y
n
es
 2
3
0
 
P
W
A
 1
4
8
4
 
R
en
e 
8
0
 
P
W
A
 1
4
8
3
 S
X
 
C
M
 2
4
7
 (
M
 2
4
7
 L
C
) 
C
M
S
X
 4
 
*
 M
ax
 v
al
u
e 
 
 - 46 - 
Table 6.2. Nominal compositions of studied model alloys (wt. %). 
Name 
Batch 
name 
Cr Co Al Ti Ta B Y 
E
ff
ec
t 
o
f 
T
i 
an
d
 T
a 
Ref (NPW) 14.0 9.0 3.0 - - - 0.03 
Ref – Al (NPX) 14.0 9.0 - - - - 0.03 
Ref + 1 % Ti (NPV) 14.0 9.0 3.0 1.0 - - 0.03 
Ref + 5 % Ti (NPT) 14.0 9.0 3.0 5.0 - - 0.03 
Ref + 5 % Ta (NPK) 14.0 9.0 3.0 - 5.0 - 0.03 
Ref + 5 % Ti +5 % Ta (NPJ) 14.0 9.0 3.0 5.0 5.0 - 0.03 
E
ff
ec
t 
o
f 
B
 
Ref 2 (NPF) 8.0 9.0 5.5 - - - 0.03 
Ref 2 + 0.01 B (NPG) 8.0 9.0 5.5 - - 0.01 0.03 
Ref 2 + 0.03 B (NPH) 8.0 9.0 5.5 - - 0.03 0.03 
 
 
6.2. Specimen preparation 
 
Coupons of 20 x 20 x 2 mm were machined from the as-delivered materials by spark erosion. 
Depending on the requirements of the experimental set up, in some of the specimens a 2 mm 
hole close to the specimen edge was drilled for suspension in the test environment. All the 
specimens were ground to 1200 grit surface finish using SiC-paper and ultrasonically cleaned 
in a detergent prior to oxidation testing. 
 
6.3. Oxidation testing 
 
Isothermal and discontinuous exposure  
 
The long term exposures were performed in a horizontal tube furnace in synthetic air or 
synthetic air containing SO2 at a temperature of 1050°C and a pressure of 1 atm. Pre-mixed 
gases in pressurized gas flasks were used: 
 Synthetic air: N2 +21 % O2 
 Synthetic air + SO2: N2 + 21 % O2 + 2 % SO2. 
The flow rate was 10 l/h. The exposure times in both atmospheres were up to 500 h. To 
measure the mass changes of the specimens during the 500 h exposure, the tests were 
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interrupted every 100 h for weight measurements using a microbalance with an accuracy of 
0.01 mg.  
 
To provide more insight into the effect of the alloy chemical composition on the mechanism 
of oxide scale formation, the early stages of oxidation were studied. For this purpose selected 
samples were oxidized for 1 h, 20 h and 100 h.  
 
Thermogravimetry 
 
For an accurate determination of the oxidation kinetics, thermogravimetric (TG) experiments 
up to 100 h at 1050°C were carried out in synthetic air using a SETARAM® thermobalance. 
The heating rate was 90 K/min, the cooling rate 10 K/min and the gas flow rate 2 l/h. 
 
6.4. Characterization of oxidized specimens 
 
The oxidized specimens were investigated using a variety of analytical techniques. These 
included optical microscopy, scanning electron microscopy (SEM) with energy dispersive X-
ray analysis (EDX), X-ray diffraction (XRD), glow discharge optical emission spectroscopy 
(GDOES) and sputtered neutron mass spectroscopy (SNMS).  
 
For cross section analyses, the oxidized specimens were mounted in epoxy resin. In order to 
obtain a better contrast between the oxide scale and the epoxy mounting as well as to protect 
the oxide scale during cross section preparation the specimens were sputtered with a thin gold 
layer and subsequently a Ni-coating was applied electrochemically from a NiSO4 bath. A 
series of grinding and polishing steps followed with a final polishing with 0.25 µm 
granulation in SiO2 solution. After cross section preparation the specimens were analyzed by 
optical metallography and SEM/EDX.  
 
Selected oxidized specimens were analysed by GDOES. The GDOES intensity vs. sputtering 
time profiles were quantified into concentration vs. depth profiles using the procedure 
described in references [57-58]. 
 
 - 48 - 
7.  Results of screening test 
 
In order to estimate which Ni-base superalloys are most sensitive to the presence of SO2 in the 
environment, a screening test was carried out. For obtaining information on specific 
differences in behaviour within reasonably short times, an accelerated type testing was carried 
out at 1050°C using synthetic air with a relatively high addition of SO2, i.e. synthetic air + 2 
vol. % SO2. The results were compared with the data obtained during exposure in synthetic 
air. 
 
Figure 7.1 shows the main gas species in the air + 2 % SO2 mixture assuming thermodynamic 
equilibrium as a function of temperature.  
  
 
Figure 7.1.  Main gas species in the air + 2 % SO2 mixture in the thermodynamic 
equilibrium. 
 
 
Figure 7.2  show the simplified stability diagram for Ni-O-S, Cr-O-S, Al-O-S, Ti-O-S 
systems at 1050°C. For clarity only the oxides and sulphides in equilibrium with the respected 
metals are indicated and sulphate formation was neglected. Inserted in the graph is the SO2 
isobar corresponding to pSO2 = 0.02 bar.  
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Figure 7.2. Simplified thermodynamic stability diagrams for Ni-O-S, Cr-O-S, Al-O-S, Ti-O-
S systems at 1050°C. 
 
Figure 7.3 illustrates the behaviour of the Ni-base superalloys in synthetic air and synthetic 
air + 2% SO2 at 1050°C. Comparison of the oxidation resistance during air exposure reveals 
that only IN 100 failed by breakaway type oxidation. However, after exposure to SO2-
containing gas there were more alloys which show the sensitivity to SO2 attack, e.g. Rene 80, 
IN 100, IN 713, CM 247 (M 247 LC), CMSX 6.  
Comparing the Cr and Al contents of the materials exposed in the screening test (compare 
with Table 6.1) one can see that the alloys with higher Cr content (22 wt. %), e.g. Hastelloy 
XR, Haynes 230, IN 617, IN 939, do not show substantial differences in the behaviour in 
SO2-containing gas. alloys with the 10 – 16 wt. % of Cr vary in the behaviour in SO2-free and 
SO2-containing gas. IN 100 (10 wt. % Cr) shows very poor resistance to oxidation and 
sulphidation. Alloys with 14 wt. % Cr, e.g. IN 713 and Rene 80 show a high sensitivity to 
SO2 presence. Comparing additionally the Al content one can see that Rene 80 has a very 
similar Al content as PWA 1483, which does not show such behaviour in SO2-containing gas. 
Single crystal alloy CMSX 6 (10 wt. % Cr, 4.8 % Al) shows a good behaviour in SO2-free 
gas, however, in SO2-containing gas it fails by breakaway. Furthermore, alloys with lower Cr 
and higher Al contents (6 – 8 wt. % Cr and 5 – 6 wt. % Al), e.g.  LEK 94, PWA 1484 and 
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CMSX 4, do not show substantial differences between behaviour in SO2-free and SO2-
containing gas. Only CM 247 (8 wt. % Cr and 5.6 wt. % Al) fails by breakaways in SO2-
containing gas. Table 6.1 reveals that CM 247 and CMSX 4 have very similar Cr and Al 
contents but completely different behaviour in the SO2-containing atmosphere.   
 
Figure 7.3. Mass changes of various Ni-base superalloys after 500 h oxidation (100 h 
cycles) in a) synthetic air and b) in synthetic air + 2% SO2 at 1050°C. Arrows indicate the 
breakdown of protective oxide scales, whereby actual mass changes were much greater 
than the axis range. 
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Summarizing the main findings of the screening test can be listed:  
 Comparison of the oxidation resistance of the materials during air exposure does not 
necessarily provide the same ranking as the behaviour in SO2-containing gas. 
 No obvious correlation exists between alloy chromium and aluminium content and 
sensitivity to enhanced attack by SO2 (compare with Table 6.1). 
 No systematic difference with respect to the SO2 attack between poly- and single-
crystalline materials was observed. 
 
The aim of the present investigation was to elucidate the differences in oxidation behaviour in 
synthetic air and synthetic air + SO2 of selected Ni-base alloys which possessed similar 
concentrations of the main alloying elements, especially Co, Cr and Al, but appeared to 
exhibit much larger differences in oxidation resistance in the SO2 containing gas than during 
air exposure (Figure 7.3). In the first part of the thesis comparison of Rene 80 and PWA 1483 
was performed, followed by a second part, comparing CM 247 with CMSX 4. 
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8.  Effect of SO2 on long time oxidation of PWA 1483 and Rene 80 
 
 
Figure 8.1 shows the mass changes as a function of time of PWA 1483 and Rene 80 during 
exposure up to 500 h at 1050°C in synthetic air and in synthetic air containing SO2. The data 
illustrate that PWA 1483 showed no substantial differences between the mass changes found 
in the SO2-free gas and these found in the SO2-containing environment. In contrast, Rene 80 
exhibited substantially higher mass losses after longer exposure time in the SO2 containing 
gas than in air (Figure 8.1).  
 
 
Figure 8.1. Mass changes of Rene 80 and PWA 1483 during oxidation at 1050° in a) 
synthetic air, b) synthetic air with 2% SO2. 
 
The metallographic cross-sections of the specimens after the test (500 h) are presented in 
Figure 8.2. The scale on PWA 1483 (Figure 8.2 a, b) formed in both atmospheres consist of 
a thin layer of Cr-rich oxide and a virtually continuous sub-layer of alumina with local 
intrusions. Underneath the oxide scale titanium nitrides can be observed as yellow “needle”-
shaped precipitates. Additionally, grey “needle” type precipitates of titanium sulphides were 
found beneath the nitride precipitates in the sample exposed to the SO2-cointaining test gas 
(Figure 8.2 b). 
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Figure 8.2. Metallographic cross sections of a, b) PWA 1483 and c, d) Rene 80 after 500 h 
oxidation in a, c) synthetic air and b, d) synthetic air + 2% SO2 at 1050°C. 
 
 
On Rene 80 the oxide scale features a substantial number of cracks and local spallation 
(Figure 8.2 c, d and Figure 8.3). The internal reaction zone consists of aluminium oxide 
precipitates above a zone with Ti-nitrides. In the SO2-containing gas internal Ti-sulphides as 
well as grey, round precipitates of Cr-sulphides were formed. The Ti-sulphides were typically 
found beneath the Cr-sulphides in the alloy matrix. Assuming a sulphur activity gradient from 
the scale/alloy interface towards the bulk alloy this is in agreement with the differences in 
thermodynamic stabilities of the two sulphide phases [4]. At the edge of the Rene 80 
specimen breakaway oxidation, i.e. Ni-oxide formation, was observed (Figure 8.3).  
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Figure 8.3. SEM back-scattered electron image showing edge of Rene 80 specimen after 500 
h oxidation in synthetic air + 2 % SO2 at 1050°C, a) low magnification; b) high magnification. 
 
 
The breakaway oxidation of Rene 80 after 500 h can be correlated with the extensive internal 
sulphidation of chromium. The breakdown of the protective oxide scale is apparently 
associated with the penetration of sulphur through the oxide scale and subsequent internal 
sulphide formation. As explained in Chapter 4.3 – 4.4 [4, 42, 59-62] internal sulphidation can 
occur even if the equilibrium partial pressure of sulphur in the gas is substantially lower than 
the dissociation pressure of the respective sulphide, when sulphur is transported through the 
oxide scale in the form of SO2-molecules via short circuit paths such as microcracks and/or 
pores [42].  
 
Figure 8.4 shows thermodynamic stability diagrams for the systems Cr-O-S and Ti-O-S. At 
the scale/alloy interface sulphur dioxide molecules transfer sulphur which diffuses into the 
alloy and the thermodynamically most stable sulphide, here Ti-sulphide, will precipitate if the 
sulphur activity is higher than the sulphur activity in equilibrium with Ti-sulphide and the 
prevailing Ti activity in the alloy. Ongoing sulphide formation removes Ti from the alloy 
matrix resulting in a decreased Ti activity and corresponding increased sulphur activity in 
equilibrium with the Ti-sulphide. Upon continuing sulphur transport from the atmosphere 
through the oxide scale, the process continues until Cr-sulphide eventually becomes the stable 
sulphide phase, thereby removing chromium from the alloy matrix. In the case of a chromia 
forming material the depletion of the Cr reservoir in the alloy matrix has as result that the 
growth of the chromia scale can no longer be sustained [4] and nickel starts to be oxidized. In 
the case of alumina forming NiCrAl base alloys, loss of the chromium reservoir results in loss 
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of the “secondary gettering effect” [4] with the result that alumina formation can no longer be 
sustained [4, 59] (Chapter 3.4).  
 
 
Figure 8.4. Schematic thermodynamic phase-stability diagram for the Cr-O-S (solid lines) 
and Ti-O-S (dotted lines) systems, showing sulphide formation sequence at 1050°C assuming 
a) original Ti activity, b) activity after Ti depletion, as a result of sulphide formation. Dashed 
line shows isobar for SO2 partial pressure of 0.02 bar and spheres indicate location of air + 
SO2 atmosphere in thermodynamic equilibrium with TiS (grey sphere) at the oxide/metal 
interface and in the test gas (black sphere). Arrows show shift in sulphur activity upon 
decrease of oxygen partial pressure [42]. 
 
 
The results in Figure 8.2 a, b illustrate that the sulphur uptake during exposure of PWA 1483 
to air + SO2 is much smaller than that which occurred in Rene 80. This is likely related to the 
formation of an inner, nearly continuous alumina layer on PWA 1483 (Figure 8.2 a, b). It is 
well known that alumina scales are generally more “gas-tight” than chromia scales [4-5, 27], 
the latter allowing in many cases transport of molecular gas species, depending on scale 
morphology.  
 
The question is, why is such a protective alumina sub-scale formed on PWA 1483 but not on 
Rene 80 in spite of the fact that the alloys not only possess similar Al and Cr contents but also 
similar additions of Co, W and Ti (Table 6.1). To answer this question, short time exposures 
were performed in synthetic air followed by analytical studies using GDOES, SEM and XRD 
in order to correlate the scale formation in the early stages of exposure with the chemical 
compositions of the alloys.  
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9.  Early stages of oxidation of Rene 80 and PWA 1483 in synthetic air 
 
9.1. Thermogravimetry   
 
For determining the oxidation kinetics in synthetic air, thermogravimetric experiments were 
carried out. The weight change curves are shown in Figure 9.1. Comparing the curves one 
can see that the PWA 1483 sample shows much lower mass gains than Rene 80. 
 
 
 
Figure 9.1. Weight changes during thermogravimetric analysis of the studied Ni-base model 
alloys during 100 h isothermal oxidation in synthetic air at 1050°C. 
 
 
Values of the instantaneous apparent parabolic rate constant kw(t) were calculated from the 
TG-data presented in Figure 9.1, using the procedure described in reference [60]. Comparing 
the kw(t)-curves (Figure 9.2) of the studied superalloys it can be seen that both materials 
exhibit high kw-values at the beginning of the oxidation. However, with increasing exposure 
time, the kw -values decrease, whereby for PWA 1483 the change in the instantaneous kw-
value is much more substantial than that for Rene 80 which is more or less constant after 
about 10 h. At the end of the TG-experiment (100 h) there are two orders of magnitudes 
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difference in the kw-values between Rene 80 and PWA 1483. Interestingly, for PWA 1483 the 
curve features a “kink” after 5 h of exposure. 
 
Figure 9.2. kw(t) curves for PWA 1483 and Rene 80 during isothermal oxidation at 1050°C in 
synthetic air calculated from the mass change data in Figure 9.1. 
 
 
9.2.  Early stages of oxidation of PWA 1483   
GDOES depth profiles 
 
From the GDOES depth profiles shown in Figure 9.3 – 9.4 one can see that the scale consists 
mainly of chromium rich oxide and underneath an enrichment of aluminium can be observed 
(Figure 9.3 a and Figure 9.4 a). Between the aluminium and chromium “peaks”, an 
enrichment of Ti and Ta exists. In the outer part of the scale an enrichment of Ti and to a 
lesser extend relative enrichments of Ni and Co can be observed.  
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Comparison of the different exposure times (Figure 9.3 and 9.4) shows that Ni enrichment in 
the outer part of the scale remains at about the same level. The Co and Ti enrichments in the 
outer part of the scale decrease with time. In the inner part of the scale Al-enrichment as a 
result of Al2O3 formation increases with time.  
 
 
 
Figure 9.3. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of PWA 1483 after 1 h isothermal oxidation at 1050°C in synthetic air. 
 
Qualitatively the composition of the oxide scales and sub-scale corrosion products, which can 
be derived from GDOES depth profiles after oxidation in sulphur-containing atmosphere, is 
similar to that of the profiles of samples oxidized in sulphur-free test gas (compare Figure 9.3 
– 9.4 with Figure 9.5 – 9.6). 
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Figure 9.4. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of PWA 1483 after 20 h isothermal oxidation at 1050°C in synthetic air.  
 
 
The scale consists mostly of chromium and aluminium rich oxides, while a sulphur “peak” 
can be seen in the sub-scale region (in the sample oxidized in sulphur containing gas, Figure 
9.5 and 9.6), preceded by a nitrogen peak. Only a small increase of the S-content can be 
observed with increasing exposure time. The minor sub-scale S-enrichment is in agreement 
with light optical and SEM observations after longer times (Figure 8.2), revealing minor 
amounts of Ti-sulphides forming underneath the Ti-nitride precipitates. 
 - 60 - 
 
Figure 9.5. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of PWA 1483 after 1 h isothermal oxidation at 1050°C in synthetic air + 
2% SO2.  
 
Within the oxide scale the peaks of titanium and tantalum appeared exactly in the same 
position between the chromium and aluminium maxima, as can be seen from the GDOES 
depth profiles of the samples oxidized in synthetic air without SO2 (compare with Figure 9.3 
– 9.4 with 9.5 – 9.6). Summarizing, the presence of sulphur in the test gas hardly influences 
the initial stages of the oxidation process of PWA 1483. Because of the similarities in the 
oxide scale composition on PWA 1483 exposed to the SO2-containing and SO2-free gases, in 
the following only SEM and XRD results after exposure to synthetic air are presented. 
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Figure 9.6. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of PWA 1483 after 20 h isothermal oxidation at 1050°C in synthetic air 
+ 2% SO2.  
 
 
 SEM results 
 
After 1 h air exposure the outer part of the scale on PWA 1483 consists mainly of a thin layer 
of Ti and Cr oxide with internal Al oxide precipitates underneath (Figure 9.7). After 20 h the 
scale on PWA 1483 consists of an outer layer of Cr/Ti-rich oxide (Figure 9.8), which is 
thicker than that after 1 h exposure, and an inner, virtually continuous layer of Al-oxide.  
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Figure 9.7. SEM back-scattered electron image of PWA 1483 after 1 h oxidation in synthetic 
air at 1050°C. 
 
The scale shows a typical appearance [4-5] of so-called “marginal alumina formers”, i.e., in 
the very early stages chromia (along with various amounts of e.g. outer Ni-and Co-rich 
oxides) is formed, beneath which Al oxidizes internally. The initial formation of the Cr2O3 
scale can explain the “kink” in the kw(t)-curve for PWA 1483 in Figure 9.2 up to about 8 h of 
exposure.  
 
During ongoing exposure up to 20 h the internal alumina precipitates coarsen and coalesce 
eventually leading to formation of outer chromia-rich oxide beneath which a dense alumina 
scale is present (Figure 9.8). 
 
Figure 9.8. SEM back-scattered electron image of PWA 1483 after 20 h oxidation in 
synthetic air at 1050°C. 
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This mechanism is in agreement with the Wagner’s theory for the transition from internal to 
external oxidation. The formation of the alumina sub-scale significantly reduces the alloy 
oxidation rate, as can be seen in the kw(t)-plot at approximately t ≥ 8 h, Figure 9.2. 
 
 
Figure 9.9. SEM image and EDX maps of PWA 1483 cross-section after 20 h oxidation 
in synthetic air at 1050°C; a) SEM BSE image and distribution of b) aluminium, c) 
chromium, d) oxygen, e) titanium, f) tantalum. 
 
 
The two oxide layers are frequently separated by metallic inclusions [61-62]. In case of PWA 
1483 the phase found between the chromia and alumina scale was a Ti/Ta-rich mixed oxide 
(Figure 9.7 and 9.8) which appears as a light phase between the chromia and alumina layers 
in the SEM images. This is in agreement with the results observed in the GDOES depth 
profiles (Figure 9.3 - 9.6). In the sub-scale zone Ti-nitrides precipitates are present. 
 
XRD studies 
 
XRD analysis after 20 h oxidation in synthetic air at 1050°C revealed the presence of phases 
which may be expected on the basis of the GDOES and SEM results, i.e. TiO2, Cr2O3, Al2O3 
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and alloy matrix (Figure 9.10). Additionally, the mixed oxide phase TiTaO4 could be 
identified.  
 
 
Figure 9.10. XRD pattern of PWA 1483 after 20 h oxidation in synthetic air + 2 % SO2 at 
1050°C. 
 
 
9.3.  Early stages of oxidation of Rene 80  
GDOES depth profiles 
 
The GDOES depth profiles shown in Figure 9.11 - 9.12 reveal that the oxide scale after 1 h 
and 20 h isothermal oxidation consists mainly of chromium rich oxide and underneath an 
enrichment of aluminium can be observed. However, comparison of the Al-profiles shows 
that in case of PWA 1483 the inner Al peak is much more pronounced than that in the case of 
Rene 80. Also the oxide scale on Rene 80 is substantially thicker than that on PWA 1483 
(compare with Figure 8.2).  
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In the outer part of the scale enrichment of Ni, Co, Ti can be observed. The enrichment of the 
two first mentioned elements most likely relates to the transient oxide formed in the very early 
stages of the oxidation [4-5], whereas Ti is known to dissolve in and diffuse through chromia 
during high temperature exposure [63,64,65,66]. The second peak of Ti in the inner part of the 
scale formed on Rene 80 is more pronounced than that found in PWA 1483. An interesting 
observation is the B-enrichment within the scale and especially just underneath the oxide 
scale formed on Rene 80 in both environments. 
 
 
Figure 9.11. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of Rene 80 after 1 h isothermal oxidation at 1050°C in synthetic air.  
 
Comparison of the scale after different exposure times shows that the Ni, Co, Al enrichments 
in the outer part of the scale decrease with time, while the Ti and Cr concentrations increase 
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with time. In the inner part of the scale the Al-enrichment, related to a zone with internal 
Al2O3 precipitates, increases slightly in a similar way as the boron enrichment.   
 
 
Figure 9.12. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of Rene 80 after 20 h isothermal oxidation at 1050°C in synthetic air.  
 
 
A significant effect of SO2 on the oxidation of Rene 80 was observed after longer exposure 
time (see Chapter 8). In contrast, no substantial difference in the scale composition between 
the SO2-free and SO2-containing environments can be observed in the GDOES depth profiles 
after short time exposure (compare Figure 9.11 and 9.13). After exposure to the SO2-
containing test gas a sulphur peak can be seen in the alloy underneath the oxide scale, 
preceded by a nitrogen peak. This observation is similar to that for PWA 1483, i.e. S and N-
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peaks the latter corresponding to a zone with Ti-sulphides forming underneath Ti-nitride 
precipitates. 
 
Figure 9.13. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of Rene 80 after 1 h isothermal oxidation at 1050°C in synthetic air + 2 
% SO2. 
 
SNMS depth profiling 
 
An interesting observation in the GDOES depth profiles is B enrichment in and/or underneath 
the oxide scale of Rene 80. This effect has, according to the author’s knowledge, not been 
reported in literature. In order to verify the boron enrichment with an independent analytical 
method, SNMS depth profile analysis was performed on Rene 80 after 1 h oxidation in 
synthetic air at 1050°C, (Figure 9.14) clearly confirming the B-enrichment.  
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Figure 9.14. SNMS depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of Rene 80 after 1 h isothermal oxidation at 1050°C in synthetic air. 
 
 
It also has to be noted that the peak of boron always appears just beneath a peak of titanium 
(compare Figure 9.11 to 9.14). The profiles of Cr and Al, as well as those of the other 
elements, are qualitatively similar to those found in the GDOES depth profiles (Figure 9.11 
to 9.14). 
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SEM analysis 
 
The SEM cross-section in Figure 9.15 shows the oxide scale morphology on Rene 80. The 
EDX/WDX mapping in Figure 9.16 is in good agreement with the GDOES depth profile 
(compare with Figure 9.12). The oxide scale mainly consists of chromia with a TiO2-layer on 
the top of the scale. Internal Al oxide and inner TiN precipitates can also be noted. 
 
Figure 9.15. SEM back-scattered electron image of Rene 80 after 20 h oxidation in 
synthetic air at 1050°C. Boxed area corresponds to analysis zone in Figure 9.16. 
 
The enrichment of boron, which was observed in the GDOES and SNMS profiles, was found 
also by the SEM/WDX analysis. From Figure 9.15 and 9.16 it is evident that the boron 
containing phase is enriched in Cr and is located within the inner part of the oxide scale. 
 
The SEM images (Figure 9.8 and 9.15) of the PWA 1483 and Rene 80 cross-sections after 20 
h oxidation in synthetic air at 1050°C reveal clear differences in the oxide scale morphologies 
on the two materials. For Rene 80 the SEM image reveals the presence of a thin outer layer of 
Ti-rich oxide on top of a porous, thick Cr-oxide beneath which internal oxidation of Al can be 
observed. Internal Ti-nitride formation is seen beneath the internal oxidation zone, revealing 
that the chromia scale allows substantial, continuous transport of N2 molecules. The minor 
amounts of internal Ti nitride in PWA 1483 are likely to be related to the very early stages of 
exposure, i.e. before the inner dense alumina scale was established.  
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Figure 9.16. Rene 80 cross-section area  after 20 h oxidation at 1050°C in synthetic air shown 
as dashed square in Figure 9.15 a) SEM image and EDX maps of; b) nickel, c) aluminium, d) 
chromium, e) oxygen, f) titanium, g) boron (WDX). 
 
 
XRD studies 
 
XRD analysis after oxidation of Rene 80 in synthetic air at 1050°C for 20 h revealed the 
presence of phases which may be expected on the basis of the GDOES and SEM results, i.e. 
TiO2, Cr2O3, spinel oxide phases and γ/γ’, (Figure 9.17). Additionally, a boron containing 
phase with a ludwigite structure, NiCrO2(BO3), was identified. 
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Figure 9.17. XRD pattern of Rene 80 after 20 h oxidation in synthetic air + 2 % SO2 at 
1050°C. 
 
  
Possible reasons for the boron enrichment in the inner part of the oxide scale will be discussed 
more extensively in Chapters 12 to 16. 
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10.  Discussion of scale formation on PWA 1483 and Rene 80 
 
Rene 80 and PWA 1483 exhibit very large differences in the oxidation behaviour in synthetic 
air. According to earlier studies of NiCrAl alloys with different contents of Al and Cr, three 
types of oxidation behaviour (Figure 3.4) can be expected for these materials [5, 28]: 
(III) external Al2O3 scale 
(II) external Cr2O3 scale + internal Al2O3 precipitates 
(I) external NiO scale + internal Al2O3 /Cr2O3 precipitates in the sub-surface zone. 
  
Comparing the compositions of the two materials studied (Table 6.1) it can be observed that 
Rene 80 has a slightly higher Cr and a marginally lower Al content than PWA 1483. Plotting 
the Cr and Al contents of the studied alloys in the oxidation map [4-5, 28] in Figure 10.1 
reveals that based on their Cr and Al contents both alloys would be expected to form an 
external alumina scale after a short time isothermal oxidation in a sulphur-free gas such as air. 
This contradicts the findings in Figure 9.8 and 9.15, which show that PWA 1483 forms 
during air oxidation indeed a virtually dense alumina scale (beneath a transient external Cr-
rich oxide), whereas Rene 80 forms a thick external chromia base scale and Al is internally 
oxidized.  
 
Figure 10.1. Oxidation map for ternary NiCrAl alloys during isothermal exposure in air at 
1000 -1100°C, in which area III represents external Al2O3 formation, area II external Cr2O3 + 
internal Al2O3 formation, and area I external NiO + internal oxidation of Cr and/or Al [4], 
based on experimental data from [28] . Compositions of Rene 80 and PWA 1483 are inserted 
in the oxidation map, taking only their Cr and Al contents into account. 
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Whereas the concentrations of the alloying elements Cr, Al, Co, W and Ti in both alloys are 
quite similar, the chemical analyses (Table 6.1) show a Ta content of 5% in PWA 1483 
whereas no Ta is present in Rene 80. The fact that SEM and GDOES analyses revealed the 
presence of substantial amounts of Ta in the surface scale of PWA 1483 (Figure 9.3 to 9.8) 
leads to the assumption that Ta may serve as an element, which promotes alumina formation 
during air oxidation of PWA 1483 and thus provides protection against rapid sulphur attack 
during exposure in air +SO2. Indications for a positive effect of Ta addition on the oxidation 
behaviour of Ni-base superalloys were found in earlier studies [34], however the conclusion 
was mainly based on a statistical correlation of weight change data and no mechanistic 
explanation of the effect was given.  
 
10.1. Third element effect by Ta 
 
The positive effect of Ta-addition in promoting alumina scale formation might be related to 
the so-called third element effect [4-5] which finds its origin in Wagner’s condition for the 
transition from internal to external oxidation (Chapter 3.4). Starting from a dilute Ni-Al alloy 
forming an external NiO scale and internal Al2O3 precipitates, this criterion states that 
addition of alloying elements which form oxides with a dissociation pressure lower than that 
of NiO but higher than that of Al2O3, may reduce the oxygen solubility in the alloy at the 
interface between alloy and the external scale. The reduced oxygen solubility decreases the 
tendency for Al to oxidize internally thus promoting external alumina scale formation [4-5, 
28]. By this mechanism the addition of e.g. Cr in a NiCr-alloy, decreases the alloy Al 
concentration required for obtaining external alumina formation. In the case of NiCrAl base 
alloys with sufficiently high Cr contents to promote formation of an external chromia scale, 
the addition of alloying elements which form an oxide with a dissociation pressure between 
that of chromia and alumina, should have a positive effect on external alumina scale 
formation. As can be seen from Table 10.1, the dissociation pressure of Ta2O5 is significantly 
lower than that of Cr2O3. Therefore, alloying the NiCrAl base alloy with Ta may indeed 
reduce the oxygen activity in the alloy matrix during oxidation and thus promote external 
alumina scale formation. 
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Table 10.1. Dissociation pressure of various oxides (pO2*) at 1050°C in equilibrium with the 
respective metals assuming unit metal activity [27]. 
Oxide pO2* 
NiO 2∙10-10 
Cr2O3 2∙10
-21
 
Ta2O5 6∙10
-24
 
TiO 1∙10-33 
Al2O3 5∙10
-34
 
 
10.2. Significance of Ti 
 
Based on the data in Table 10.1 one might argue that Ti should have a similar positive effect 
on external alumina formation as Ta. However, because of its high solubility in Cr2O3 at low 
pO2 [63], Ti is claimed to be incorporated into Cr2O3 and to increase its growth rate 
significantly by p-type doping [63]. The thickness of the chromia scale (neglecting the outer 
Ti-rich oxide) on Rene 80 is approximately 3 μm after 1 h and 11.2 μm after 20 h exposure 
(Figure 10.2). This indicates a parabolic rate constant for scale growth of 6.3 μm2∙h-1 which, 
for pure chromia growth, corresponds to an oxygen uptake rate (kw) of approximately 0.2 
mg
2∙cm-4∙h-1. Air or oxygen oxidation of chromia forming Ni-Cr model alloys [45, 64] or 
classical Ni-base wrought alloy suchs as Hastelloy X, Alloy 617 etc. at 1050°C reveal a 
parabolic rate constant (depending on gas composition)  in the range 0.015-0.1 mg
2∙cm-4∙h-1 
[64]. This value is substantially smaller than the rate constant for chromia growth on Rene 80. 
Based on the present experimental finding (Figure 10.2) and information from literature [66] 
the high chromia growth rate of Rene 80 is very likely related to the incorporation of Ti in the 
scale.  
 
Figure 10.2. Metallographic cross sections of Rene 80 after a) 1h, b) 20 h oxidation in synthetic 
air + 2% SO2 at 1050°C.  
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The dissolution of Ti into Cr2O3, on the surface of Rene 80 creates Cr vacancies by 
substituting Ti
4+
 for Cr
3+ 
ions, thereby increasing the concentration of Cr-vacancies in the 
chromia scale [63].  
 
)(63)(3 32
'''
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
                          (10.1) 
 
A resulting increase in chromia growth rate leads to a lower Cr concentration and thus a 
higher oxygen activity at the alloy/chromia interface. As will be shown in the next Chapter it 
is then easy to deduce from classical oxidation theory [4-5] that the addition of Ti indirectly 
promotes the internal oxidation of Al, and therefore results in the typical oxide scale 
composition and morphology shown for Rene 80 in Figure 9.15. The scale consists of a thin 
layer of Ti-rich oxide on top, a thick porous layer of Ti-doped chromia and internal 
precipitates of aluminium oxide (Figure 10.3 a). The rapidly growing, porous chromia scale 
is expected to provide easy transport paths for SO2 molecules, which results in formation of 
internal Ti- and later Cr-sulphides, finally leading to a breakdown of the chromia scale, 
described in the previous section (Figure 8.4). 
 
Figure 10.3.  Schematics of oxide scale composition on a) Ta – free alloy Rene 80 and b) Ta 
containing alloy PWA 1483 after air oxidation at 1050°C.                                                                     
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10.3. Combined addition of Ti and Ta 
 
Based on the concentrations of the main alloying elements Ni, Co, Cr, Al and Ti the formation 
of a rapidly growing chromia scale as found for Rene 80 would also be expected to occur for 
PWA 1483. However, apparently, the Ta addition in the latter alloy suppresses the adverse 
effect of Ti. The possible mechanism by which Ta provides this positive effect may be 
derived from the results of the analytical studies (SEM, XRD and GDOES) of PWA 1483, 
which show the existence of a Ta- and Ti-containing mixed oxide compound in the surface 
scale (Figures 9.3 to 9.8). Thereby the oxide scale (Figure 10.3 b) consists of an outer, thin 
chromia layer whereas alumina is present in form of a continuous layer just underneath the 
thin, intermediate layer of the mixed Ta/Ti-oxide. Based on the analysis of the outer chromia 
layer formation of a mixed Ti/Ta-oxide compound apparently prevents Ti incorporation in the 
initially formed Cr2O3 and thus the enhancement of the growth rate. The slow growing Cr2O3–
scale allows development of the dense alumina subscale during longer oxidation times which 
prevents substantial molecular transport of SO2 during air/SO2 exposure. 
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11.  Model alloy studies to elucidate effect of Ti and Ta additions 
 
 
The previous discussion to explain the dramatic differences in corrosion behaviour between 
Rene 80 and PWA 1483 during exposure in air-SO2 is based on the assumption that a gas-
tight sub-scale of alumina forms in the case of PWA 1483 whereas Al is oxidized internally in 
the case of Rene 80. This difference in scale formation mechanism on two alloys was mainly 
attributed to the difference in alloy Ta content.  
 
The discussion did not take into account possible effects of the alloy microstructure: 
PWA1483 is a single crystal alloy whereas Rene 80 is a polycrystalline material. The 
discussion did also not take into account further minor differences in the chemical 
composition of the two alloys, e.g. higher Mo and C contents as well as minor additions of B 
and Zr in Rene 80 (Table 6. 1). These microstructural and compositional differences between 
Rene 80 and PWA 1483 might theoretically be responsible for the differences in the oxidation 
behaviour of the two alloys, especially in air-SO2. 
 
In order to estimate whether these microstructural and compositional differences or the 
interaction between Ti and Ta are mainly responsible for differences in oxidation behaviour of 
two alloys, a number of cast model alloys were manufactured. The alloys had the base 
composition of Rene 80, i.e. Ni-14Cr-9Co-3Al (called Ref) and only differed in Ti and Ta 
contents. Furthermore a model alloy without aluminium addition was prepared (Ref – Al). 
The compositions of the model alloys are listed in Table 6. 2. All materials contained a minor 
Y addition to prevent early oxide spallation during oxidation [37]. The results of ICP-OES 
analysis and combustion analysis for the model alloys can be found in Table 3 and Table 4, 
Appendix 1.  
 
11.1. Thermogravimetry 
 
To determine the oxidation kinetics of the model alloys, thermogravimetric analysis during 
synthetic air oxidation were carried out. The weight change curves are shown in Figure 11.1.  
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Figure 11.1. Weight changes during thermogravimetric analysis of the studied Ni-base model 
alloys during 100 h isothermal oxidation in synthetic air at 1050°C. 
 
The highest weight gain at the end of the test was measured for the Ref – Al alloy. The Ref 
alloy showed much smaller mass gain than the Ref – Al alloy. Alloy Ref + 1Ti does not show 
a substantial difference in weight gain in comparison with Ref alloy. However, the mass gain 
for alloy Ref + 5Ti is much higher than that of the Ref alloy. The curve for alloy Ref + 5 Ti is 
much steeper during the first 10 h of oxidation than that of the other model alloys. Comparing 
the latter curves it is important to mention that in the beginning of the oxidation (time < 30h) 
alloy Ref – Al oxidized slower than the Ref + 5Ti alloy. Addition of Ta substantially 
suppressed the negative effect of Ti on the oxidation rate, as can be seen by comparing the 
mass change curves for alloy Ref + 5Ti and alloy Ref + 5Ti + 5Ta. The alloy Ref +5Ta shows 
the lowest mass gain of all tested material.  
Values of instantaneous parabolic rate constant kw(t) were calculated from the TG-data 
according to the procedure described in reference [60]. All samples show in the early stages 
of the oxidation (Figure 11.2) high kw-values which decrease with time, except for two 
materials. After approximately 0.5 h the kw(t)-curve for the Ref – Al alloy shows a rapid 
increase, typical for breakaway oxidation. The Ref alloy shows a steady decrease of kw with a 
“kink” finishing after approximately 5 h, similar to the one observed for the kw(t)-curve for 
PWA 1483 (see Figure 9.1). At the end of the test the kw for the alloy Ref reaches a very low 
value (≈1·10-3 mg2·cm-4·h-1). The alloy Ref + 1Ti exhibits higher kw than that of alloy Ref and 
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no “kink” in the kw(t)-curve can be observed. Furthermore only a minor decrease in the kw can 
be seen for this alloy at longer exposure times. Even a higher kw is observed for alloy Ref + 
5Ti than for alloys Ref and Ref+ 1Ti. There is no steady decrease in the kw(t)-curve with 
increasing time. The alloy Ref + 5Ti + 5Ta has a one order of magnitude lower kw than that 
for alloy Ref + 5Ti and it slowly decreases with time. For alloy Ref + 5Ta the kw(t)-curve is 
quantitatively similar to that of the Ref alloy. The “kink” in the kw(t)-curve occurs for the 
alloy Ref + 5Ta at lower kw(t)-values but after longer time than for the alloy Ref.  
 
Figure 11.2. kw(t)-curves for the studied Ni-base model alloys during isothermal oxidation at 
1050°C in synthetic air, calculated from the mass change data in Figure 11.1.. 
 
Summarizing it can be said that alloy Ref – Al fails by breakaway oxidation. Addition of 3 wt. 
% Al to Ni-14Cr-9Co alloy improves dramatically the oxidation resistance. Further addition 
of Ti to the 14Cr9Co3Al base composition deteriorates the oxidation resistance, resulting in 
higher kw(t)-values, which increase with increasing Ti-content from 1 to 5 wt. %. 
Improvement in the oxidation resistance of the Ti-containing alloys can be obtained by 
addition of Ta. The addition of 5 % Ta to the Ref +5 Ti alloy reduces the rate of oxidation to 
the values obtained for alloy Ref + 1Ti. Alloy Ref + 5Ta has similar kw(t)-values as the alloy 
Ref. 
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11.2. Macro – images of model alloys with 14Cr and 3Al 
 
After the oxidation experiments and before microstructural characterization of the model 
alloys using various surface analytical techniques, macroscopic images from the oxidized 
surfaces were taken.  
Figure 11.3 shows the macroscopic images of specimens after oxidation in synthetic air at 
1050°C for 1h. The images indicate that the oxide scales formed are for some alloys (Ref, Ref 
+ 1Ti, Ref + 5Ta) not homogeneous and the scale composition apparently differs from grain 
to grain, possibly being affected by the grain orientation.  
 
Figure 11.3. Macroscopic images of specimens of the model alloys with 14Cr and 3Al 
after oxidation in synthetic air at 1050°C for 1h 
 
11.3. XRD results 
 
Figure 11.4 shows XRD patterns from the studied model alloys after 1 and 20 h oxidation in 
synthetic air at 1050°C.  
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The XRD analysis for alloy Ref – Al shows the presence of NiO and Cr2O3 (Figure 11.4 a). 
With time the amount of NiO increased and a spinel phase was found after longer exposure 
time (Figure 11.4 a). As the spinel was not present after 1h, it can be assumed that some of 
the initially found Cr2O3 and NiO were transformed to the spinel phase.  
 
Figure 11.4. XRD patterns of alloy a) Ref – Al, b) Ref, c) Ref + 1Ti, d) Ref +5Ti, e) Ref + 
5Ta, f) Ref +5Ti + 5Ta after 1 and after 20 h oxidation in synthetic air at 1050°C (spinel 
phase AB2O4 where A = Ni, Co and B = Cr, Al) 
 
In the XRD patterns for alloy Ref NiO, Cr2O3 and spinel phase was found as was observed for 
Ref – Al alloy (Figure 11.4 b). However, the amounts of these phases are substantially 
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smaller than in the alloy Ref – Al. In addition, Al2O3 appears in the Ref alloy and its amount 
increases with time.  
 The phases found on alloy Ref + 1Ti were Cr2O3, Al2O3, spinel and additionally Ti-
containing phases (TiO2, NiTiO3), see Figure 11.4 c. In the XRD analysis after 20 h of 
exposure small amounts of NiO appeared. Comparing the patterns for alloys Ref and Ref + 
1Ti reveal that the addition of Ti results in an increase in the amount of Cr2O3. 
The XRD patterns for alloy Ref + 5Ti are very similar to the patterns of Ref + 1Ti, for which 
Cr2O3, Al2O3 and TiO2 were found (Figure 11.4 d). However, in comparison to alloy Ref + 
1Ti the intensities for TiO2 are much higher.  
Alloy Ref + 5Ta exhibits a very similar XRD pattern as alloy Ref (Figure 11.4 e), the only 
difference being the presence of the CrTaO4 in the alloy Ref + 5Ta.  
The XRD patterns for alloy Ref + 5Ti + 5Ta reveal the presence of Cr2O3, Al2O3, small 
amounts of spinel and TiO2 (Figure 11.4 f– red line). However, the comparison with the alloy 
Ref + 5Ti shows that there is less Cr2O3, more Al2O3 and much less TiO2 in the alloy Ref + 
5Ti + 5Ta. In addition TiTaO4 was found in the pattern of alloy Ref + 5Ti + 5Ta. 
 
11.4. SEM investigations of the model alloys with 14Cr and 3Al 
 
The oxide scales formed on the model alloys after 1 and 20 h air oxidation at 1050°C are 
shown in Figure 11.5 – 11.7. In many cases the oxide scales formed on the reference alloy 
were found to exhibit substantial local variations in composition and morphology. This is 
related to differences in oxide formation on alloy grains of different orientation, as can be 
seen in the macro – images (compare with Figure 11.3). 
 
The model alloy Ref – Al fails locally by breakaway oxidation after very short exposure times 
(~1h) (Figure 11.5 a). This is in agreement with the TG – results, which show the oxidation 
rate to increase after approximately 0.5 h exposure (kw(t) plot in Figure 11.2). However, in 
some areas the specimen exhibits formation of a thin chromia scale even after 20 h, see 
Figure 11.6 a and 11.7 a.  
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Figure 11.5. SEM back - scattered electron images of Ni-Co-Cr-Al alloy model alloys after 1 
h oxidation in synthetic air at 1050°C. 
 
 
In some locations an alumina scale was found to be formed on the alloy Ref already after 1 h 
exposure, whereas in other locations transient oxidation took significantly longer and a near 
 - 84 - 
dense alumina layer was formed underneath an outer layer containing Cr rich oxides along 
with minor amounts of Ni-Cr-spinel (Figure 11.5 b and 11.6 b).  
 
In the model alloy Ref + 1Ti a thicker transient chromia scale is formed than on the Ref alloy 
(compare Figure 11.5 b and c, 11.6 b and c, as well as, 11.7 b and c).  
 
 
Figure 11.6. SEM back - scattered electron images of the Ni-Co-Cr-Al alloy model alloys 
after 20 h oxidation in synthetic air at 1050°C 
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Figures 11.5 d and 11.6 d reveal that the addition of 5 wt. % of Ti (alloy Ref + 5Ti) results in 
formation of a thick chromia layer, whereas aluminium is oxidized internally (Figure 11.7 d). 
Also an outer TiO2-base scale is present. The scale composition is uniform over the whole 
sample surface (Figure 11.6 d). The composition and morphology of the oxide scale on the 
Ref + 5% Ti alloy shows many similarities with the scale formed on Rene 80 (compare with 
Figure 9.15).  
 
 
Figure 11.7. SEM back - scattered electron images of Ni, Co, Cr, Al model alloy after 20 h 
oxidation in synthetic air at 1050°C. 
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Figures 11.5 e and 11.6 e show that addition of 5% Ta suppresses the adverse effect of Ti. 
The model alloy Ref 5Ti + 5Ta forms a relatively thin chromia scale above a continuous 
alumina sub-scale. Between the outer and inner oxide layers, TiTaO4 was found to be present. 
The scale composition is thus quite similar to that found on PWA 1483 (Figure 9.8).  
 
The Ti-free alloy containing Ta (alloy Ref + 5Ta) in Figure 11.5 f shows that the scale 
formation is similar to that found for the Ref alloy (Figure 11.5 b). In both cases the oxide 
scale is locally inhomogeneous with areas of thin alumina and an alumina scale grown from 
internal precipitates, as can be seen in the lower magnification SEM images (Figure 11.6 f 
and 11.6 b). The only clear difference between alloys Ref and Ref +5Ta is the Ta-rich oxide 
observed in the Ta containing alloy. The Ta-rich oxide was found only in places where the 
alumina scale was not formed after very short exposure times. Furthermore, comparing the 
results after 1 and 20 h for these alloys the drop in the instantaneous kw values after longer 
exposure times (Figure 11.2), as well as, the increase in the amount of spinel phases between 
1 h and 20 h oxidation (Figure 11.5 b and 11.5 f) can be explained by the change of the 
internal aluminium oxide precipitates into formation of a continuous sub-scale. 
 
11.5. Discussion of results with model alloys containing 14Cr and 3Al 
 
According to the ternary oxidation map for Ni-Cr-Al alloys (Figure 11.8) three types of 
oxidation behavior can be expected for the model alloys as already discussed in Chapter 3.4.   
Plotting the Cr and Al contents of the studied model alloys in the oxidation map in Figure 
11.8. reveals that, based on their Cr and Al contents, only the alloy Ref and the alloys with 
varying Ti and Ta contents should be located in region III  i.e. these alloys would be expected 
to form an alumina scale after short time isothermal oxidation in air. The alloy Ref – Al is 
located in area II (denoted as point 1).  
Alloy Ref – Al is located close to the boundary between areas I and II which indicates that 
minor Cr depletion can lead to breakaway oxidation. This is in agreement with the kw(t) plot 
in Figure 11.2 and the SEM results. But in some areas where chromia is still stable very thin 
compact scale can be observed (2 µm after 20 h, see Figure 11.5 a to Figure 11.7 a). 
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Figure 11.8. Oxidation map for ternary NiCrAl alloys during isothermal exposure in air at 
1000 -1100°C. Area III represents external Al2O3 formation, area II external Cr2O3 + internal 
Al2O3 formation, and area I external NiO + internal oxidation of Cr and Al [5], based on 
experimental data from [28]. Location of the various model alloys indicated in the diagram.  
 
 
The Ref alloy shows in many areas an outer Cr-rich oxide and internal oxidation of Al after 1 
h of exposure. However, locally an alumina scale can be also found. This is likely related to 
alloy microstructure, as observed by other authors [67]. After 20 h exposure a continuous 
alumina scale grows from the internal precipitates. This is in agreement with the TG – results 
(drop in the kw(t)-curve in Figure 11.2). The Ref alloy can be then considered to show type 
III behaviour in the oxidation map Figure 11.8).  
The alloy Ref + 1Ti has a similar oxide scale composition as the Ref alloy. However, the 
transient Cr2O3-scale seems to be thicker. Furthermore the kw(t)-value (Figure 11.2) after 100 
h for the Ref + 1Ti alloy is around 1 order of magnitude higher than that of the Ref alloy. This 
indicates that the development of the alumina scale has not been completed on the whole 
surface of alloy Ref + 1Ti.  
Alloy Ref + 5Ti exhibits a rather homogeneous oxide scale, similar in composition and 
morphology after 1 h and 20 h oxidation. The oxide scale consists mainly of an outer Cr2O3 
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scale and TiO2 on the top. In the sub-scale internal Al2O3 precipitates can be observed. This 
morphology is comparable with that found for Rene 80 and in a good agreement with the 
kw(t)-values (Figure 11.2). Comparing alloy Ref + 5Ti with the Ref alloy it can be seen than 
the chromia scale is much thicker which confirms p-type doping of chromia by Ti. This result 
clearly confirms the mechanism proposed in the discussion of Rene 80 oxidation in the 
previous section, that the Ti addition shifts the reference alloy from area II into area III in the 
oxidation map (Figure 11.9 a). 
 
Alloy Ref +5Ti + 5Ta shows a homogeneous surface scale after 20 h oxidation when the 
alumina sub-scale becomes continuous. A Ta-containing phase (TiTaO4) was found between 
the outer chromia and inner alumina scales. Comparison of the kw(t)-values after 100 h for 
alloys Ref + 5Ti and Ref + 5Ti + 5Ta (Figure 11.2)  shows a difference of one order of 
magnitude. Furthermore the scale composition was found to be similar to that observed for 
PWA 1483 (Figure 9.8). This result strongly indicates that the protective alumina scale 
formation is related to alloying with Ta and not to alloy microstructure or other minor 
elements in the complex chemistry of PWA 1483. The Ta addition thus shifts the Ti-
containing alloy from area II into area III (Figure 11.9 b). This observation thus confirms that 
the beneficial effect of Ta postulated for PWA 1483 in the previous sections can be explained 
by formation of a mixed Ti/Ta-oxide by which incorporation of Ti into the chromia scale is 
suppressed.  
 
Figure 11.9.Ternary oxidation maps for the Ni-Cr-Al System showing effect of elements Ti 
and Ta on regimes of oxide formation: a) Effect of Ti, b) Effect of Ta in Ti containing Ni-base 
alloys. Dashed lines are for illustrative purpose only and do not give exact Cr, Al 
concentrations for transitions between regions II and III. Addition of Ti shifts the boundary 
between area II and III to the higher Al contents. Addition of Ta tends to suppress this effect. 
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The behaviour of alloy Ref + 5Ta was similar to that of the Ref alloy. A Ta/Cr mixed oxide 
was formed only in the locations where the alumina scale had not formed in the early stages 
of oxidation (Figure 11.6 f). Comparison of Figure 11.6 b and 11.6 f reveals that the first 
proposed mechanism for the positive effect of Ta on alumina scale formation, based on the 
so-called third element effect (Chapter 10.1), is apparently not active for the model alloy 
system studied in the present investigation. 
 
The results presented above indicate that formation of a mixed oxide rather than the third 
element effect is responsible for the positive effect of Ta on alumina scale formation. Further 
studies are required to verify whether Ta, similar to Cr, can additionally provide a third 
element effect in promoting the alumina scale formation or whether the main reason for its 
positive effect on oxidation behaviour in air and especially air + SO2 relates mainly to 
suppression of the adverse effect of Ti.  
 
11.6. Effect of Ti-addition on critical aluminium concentration  for external 
alumina formation 
 
The results presented in the previous chapter indicate that the high chromia growth rate on 
Rene  80 due to Ti-doping promotes internal oxidation of Al. Therefore, a number of 
calculations were performed to estimate the effect of the increased kw for chromia formation 
on the critical Al content for transition from internal to external oxidation, compare Equation 
(3.9).  
Wagner proposed that the Cr-content in the alloy at the interface between the alloy and an 
external chromia scale can be calculated using the following equation [68]: 
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here C
0 
is the initial concentration of Cr in the alloy (14 wt. % corresponding to 15.36 at. %) , 
MCr and Malloy are the average molar mass of Cr (52 g/mol) and the alloy (62.7 g/mol), 
respectively. kp is parabolic rate constant for the scale growth defined by Equation (3.10). 
The interdiffusion rate, DCr, of chromium was extrapolated from the data in reference [69] and 
is shown in the Table 11.2. 
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Finally, ϕ is the value of the Pilling-Bedworth ratio for chromium in the alloy. ϕ was 
calculated using the formula: 
alloy
alloy
OCr
OCr
M
M
2
32
32


           (11.2) 
where Mi is the molar mass of the species (oxide and metal respectively) and ρ (Table 11.2) 
represents the alloy and oxide density. Inserting the data for the various parameters reveals ϕ 
to be equal 1.9.  
    Table 11.2. Data used for calculations using Equations (11.1 – 11.8) (at 1050°C). 
Parameter Unit Value Reference 
DCr cm
2
/s 8·10
-15
 Extrapolated from data in reference [69] 
DO cm
2
/s 1.6·10
-12
 [74] 
DAl cm
2
/s 5.4·10
-15
 [75] 
ρalloy g/cm
3 
8.2 Calculated using reference [70]  
ρCr2O3 g/cm
3
 5.21 [71] 
ρAl2O3 g/cm
3
 3.95 [71] 
ΔGf
0
 J -5.97·10
5
 [72] 
ΔG02 J -1.82·10
5
 [74] 
 
The concentration of chromium at the alloy oxide interface (Table 11.3) was calculated for 
two kp values. The first one represents the alloy with addition of Ti. The parabolic rate 
constant for growth of the external chromia scale, kp, was derived from the scale thickness 
measurements on the cross-section from Rene 80 (see Figure 10.2).  
The second kp value represents the parabolic rate constant for Ti-free alloys and was assumed 
to be an order of magnitude lower, representative for the alloys e.g. IN 617, Hastelloy X, 
PWA 1483 [64]. 
Table 11.3. Concentration (C
i
Cr), activity ( a Cr) of Cr, partial pressure of oxygen (pO2) at the 
oxide/alloy interface, solubility of oxygen (NO) and calculated critical concentration of 
aluminium (N
*
Al) for two values of parabolic rate constants for Cr2O3 scale growth at 1050°C.  
kp (m
2
s
-1
) 1.6·10
-15
 1.6·10
-16
 
CCr
i 
(at. %) 7.95 14.70 
a Cr 0.204 0.461 
pO2 1.59·10
-15
 5.4·10
-16
 
NO 1.5·10
-4
 8.4·10
-5
 
N
*
Al (at. %) 9.0 6.9 
N
*
Al (wt. %) 4.5 3.4 
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From Table 11.3 it is obvious that an increase in the kp of Cr2O3-growth due to the presence 
of Ti has a substantial effect on the interfacial Cr content.  
For the reaction of the chromium oxide formation: 
322
2
3
2 OCrOCr           (11.3) 
the equilibrium constant, K1 is given by the product: 
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here K1 is the equilibrium constant for reaction (11.3),  a  represents the activity of the 
species. As a first approximation, the activity for chromia is taken as unity, 1
32
OCra . The 
standard free energy ΔGf
0
 (in Joules) for this reaction is [72]: 
TG f
260 1089.31011.1         (11.5) 
By using equations (11.4 and 11.5) the partial pressure of oxygen at the oxide/alloy interface 
can be calculated.  The activities of Cr at the interface were calculated using ThermoCalc for 
the two values of CCr
i
 and can be found in Table 11.3. Inserting these values to the Equation 
(11.4) the partial pressure of oxygen at the alloy/chromia interface for Ti-containing alloy  
(e.g. Rene 80) was found to be 1.6·10
-15
, while for the Ti-free alloy it is 5.4·10
-16
.  
The partial pressure of oxygen and the solubility of oxygen are related by Sievert’s law, 
according to the equilibrium [73]:  
OO 22            (11.6) 
where O  denotes the oxygen dissolved in the alloy matrix. For Equation (11.6) the 
equilibrium constant can be written as [73]: 
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Here ΔG02 was taken from reference [74] (see Table 11.2). 
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From Equation (11.7) the solubility of oxygen was calculated for the two pO2 values 
corresponding to the two different kp-values (Table 11.2).  
The development and maintenance of a continuous external alumina scale requires that the 
criteria of the solute concentration (here Al) in the alloy exceeds a critical value (Chapter 
3.4): 
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Knowing the value for the solubility of oxygen in the alloy, which for Ti-containing alloy is 
150 ppm and for Ti-free alloy is 84 ppm, and taking the values of the diffusivity of oxygen 
from reference [74] as well as the values for the diffusion coefficient for aluminium in nickel 
from [75] (see Table 11.2) the critical concentration of aluminium N
*
Al can be calculated 
from Equation (11.8). 
The calculations using Equation (11.8) show that the amount of aluminium, which is required 
to form an external alumina scale for the higher kw-value of the chromia scale corresponding 
to that found for Rene 80 is 4.5 wt. %. In the case of the Ti-free alloy with the lower kw, N
*
Al 
necessary to obtain the formation of a continuous layer of alumina is substantially lower: 3.4 
wt. %. 
In other words Equation (11.8) predicts that N
*
Al increases by approximately 1/3 if the kp-
value for the initial Cr2O3 formation increases by a factor of 10. Although this prediction is in 
general agreement with the experimental observations with Ti-containing and Ti-free alloys 
(i.e. Rene 80 and PWA 1483), comparison of the calculated N
*
Al values with the oxidation 
map in Figure 3.4 reveals that the values calculated using Equation (11.8) are higher than 
those predicted by the map. Since the oxidation map was derived for ternary NiCrAl alloys a 
possible reason for the deviation could be the effect of other alloying elements, e.g. Co, Mo, 
W etc. on the value of N
*
Al.  
Another explanation could be that, in fact, Equation (11.8) was derived for the conditions 
where only aluminium can oxidize, i.e. in the absence of an external scale [29, 74]. However, 
it was shown by Gesmundo and Viani [76] that the growth of the external scale (here 
chromia) can in general not be neglected in calculation N
*
Al. The authors [76] claim that the 
critical content of the element to produce external scale is increased in the case of an outer 
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layer of less stable oxide because the oxygen diffusion starts from the interface x = X instead 
of starting from x = 0 (Figure 11.10). 
 
 
 
Figure. 11.10. Schematic view of oxidized sample in case of internal oxidation accompanied 
by external scale formation, I – actual scale/gas interface; II – original alloy/gas interface; III 
– actual alloy/scale interface; IV – internally oxidized precipitation front; a – external scale 
(less stable oxide); b – internal oxidation region; x – thickness of alloy consumed; ξ – 
position of the internal oxidation front measured from the original alloy surface; ξ-x – actual 
width of the internal oxidation region [76]. 
 
The depth of the internal oxidation, ξ, measured from the original alloy surface, is given by 
[76]: 
tD0
22 4                (11.9) 
here γ is a dimensionless parameter related to the parabolic rate constant for internal 
oxidation, D0 is the diffusion coefficient of oxygen in the alloy and t is time.  
For the case of external scale formation it was derived that: 
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here NO
s
 is the mole fraction of O dissolved in the alloy in equilibrium with the oxide scale, 
NB
0
 is the mole fraction of element B (element forming the internal oxide) in the bulk alloy, φ 
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is the ratio between the diffusion coefficients of oxygen and B in the alloy -  DO/DB. G is 
given by        rerfrrrG 22
1
exp . The parameter u is related to the diffusion coefficient of 
oxygen, DO, and the rate constant, kc,  related to the growth of the external scale by: 
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2            (11.12) 
Where x is the thickness of the alloy consumed (see Figure 11.10). 
Equation (11.10) is equivalent to Wagner’s treatment for the case that u = 0, i.e. kc<<DO. 
Equation (11.10) can be used to calculate the factor γ. Knowing γ allows the calculation of the 
critical content of the element to form a sub-scale of less stable oxide: 
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Where F is given by: 
       rerfcrrrF 22
1
exp        (11.14) 
In Equation (11.13), ϕ, represents the ratio between the molar volume of the oxide and that of 
the alloy. f
*
v represents the critical volume fraction of internal oxide under which penetration 
of O in the alloy is so restricted that the oxide forms directly on the alloy surface [77], and it 
is typically approximated as 0.3.   
Solving Equation (11.10) for γ is not possible analytically and requires extensive numerical 
(approximate) calculations. Consequently, in the present work the value of γ was determined 
using Equation  (11.9) and experimental measurements of the depth of internal oxidation as a 
function of time in the cross-sections of Ti-containing (Rene 80) and Ti-free (PWA 1483) 
alloy (Figures 9.8 and 9.15).  
Inserting the measured values of   after 20 h at 1050°C as 0.0014 cm for Rene 80 and 0.0008 
cm for PWA 1483 into Equation (11.9) the γ-value is found to be 0.02 and 0.011, 
respectively. Substituting γ-values for Rene 80 and PWA 1483 into Equation (11.13), the 
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critical concentration of aluminium NAl
*
 was found to be 3.6 wt. % and 2.4 wt. %, 
respectively.  Comparing the nominal compositions of these two alloys (see Table 6.1), one 
can see that for Rene 80, the calculated critical Al-concentration is higher than the actual alloy 
Al-content (3.0 wt. %) while for PWA 1483 it is lower than the real alloy Al-content (3.6 wt. 
%).  
Both calculation procedures, i.e. with and without taking into account the formation of an 
outer chromia scale in Wagner’s condition for external scale formation predict the critical Al-
content for Rene 80 to be higher than that of a Ti-free alloy. However, the second approach 
provides NAl
*
-values which are in a better agreement with the oxidation map. Figure 3.4, 
shows that only approximately 2.3 wt. % is required to form an alumina sub-scale on a ternary 
NiCrAl alloy with 14 % Cr. The calculation using Equation (11.13) reveals a NAl
*
-value of 
2.4 wt. % whereas Equation (11.8) predicts a value of 3.4 wt. %.  
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12.  Effect of SO2 on the oxidation resistance of CMSX 4 and CM 247 
 
 
Table 6.1 shows the chemical compositions of the two studied alloys. Comparing the Al and 
Cr contents of these alloys with the alloys shown in the previous chapters (PWA 1483 and 
Rene 80) it can be seen that the Cr content is lower while the Al content is higher. These 
changes in the alloy chemistry reflect the efforts in alloy design to increase the materials creep 
strength by increasing the volume fraction of γ′ without obtaining the formation of deleterious 
TCP phases. 
The comparison between the nominal compositions and those determined by inductive 
coupled plasma–optical emission spectroscopy (ICP-OES) revealed a good agreement (see 
Table 1 in Appendix 1). The concentrations of Co, Ti, Al, Mo in the two alloys are very 
similar. Alloy CM 247 shows a slightly higher concentration of Cr and W and a lower Ta 
content than CMSX 4. The clear difference between the two alloys is in concentrations of 
minor alloying additions Hf, Re, B, C and Zr. The latter three are present in the 
polycrystalline alloys CM 247 for grain boundary strengthening [15]. CM 247 has a higher 
Hf-content of 1.4 wt. %, than CMSX 4 (0.1 wt. %). CMSX 4 has also a Re addition of 3 wt. 
%, which is not present in CM 247. 
The mass changes of the two alloys during exposure up to 500 h at 1050°C to synthetic air 
and in synthetic air containing SO2 are presented in Figure 12.1. During air exposure the 
oxidation rates of the two alloys showed only minor differences. The data revealed for CMSX 
4 no substantial differences in the mass changes between the SO2-free and the SO2-containing 
environment. In contrast, CM 247 showed much higher mass gain in the SO2 containing gas 
than in air already after 100 h exposure (Figure 12.1).  
The CM 247 sample oxidized in synthetic air + 2% SO2 featured dark, outwardly growing 
oxide, indicative of breakaway oxidation [4-5], whereas no such an effect was observed in the 
SO2- free gas, (Figure 12.2).  
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Figure 12.1. Mass changes of CMSX 4 and CM 247 during oxidation at 1050° in a) synthetic 
air, b) synthetic air with 2% SO2. 
 
 
 
Figure 12.2. Macro - images of CM 247 after oxidation at 1050°; a) after 500 h in synthetic 
air and b) 100 h in synthetic air + 2% SO2. 
 
 
12.1. Comparison of the scale formation on CMSX 4 and CM 247 
 
The metallographic cross-sections of the specimens exposed to the atmosphere containing 
SO2 are presented in Figures 12.3 and 12.4. The SEM images of the oxide scales after long 
term oxidation in the SO2-free and SO2-containing atmospheres are shown in Figure 12.5 and 
12.6.  
The scale on CMSX 4 (Figure 12.3 and Figure 12.5) consists of a thin layer of Cr-rich oxides 
with some Ti-rich oxides on top and a continuous sub-layer of alumina. Underneath the 
 - 98 - 
surface scale minor amounts of titanium nitrides could be found, similar to these previously 
observed in case of PWA 1483. No precipitates of titanium sulphides were found in the 
sample exposed to the SO2-containing test gas. 
 
 
Figure 12.3. Metallographic cross sections of CMSX 4 after 500 h oxidation at 1050°C in a) 
synthetic air and b) synthetic air + 2% SO2. 
 
CM 247 shows formation of a thin Al-rich oxide scale, similar to that previously found for 
CMSX 4 after exposure to the SO2-free gas (Figure 12.3). However, some local intrusions 
within the scale are present. Furthermore, formation of Al-nitrides in the sub-scale zone was 
observed (Figure 12.4 a and 12.6 a). 
 
 
Figure 12.4. Metallographic cross sections of CM 247 after 500 h oxidation at 1050°C in a) 
synthetic air and b) synthetic air + 2% SO2. 
 
It can be seen that in some areas Al2O3 forms internal precipitates rather than an external 
scale. It may be speculated that these are locations where the previously formed alumina scale 
has spalled during intermediate cooling of the specimen for weight change measurements.  It 
is also possible that in some areas on the surface of CM 247 the alumina scale did not grow 
directly from the beginning of the exposure, but was formed by later coalescence of internal 
alumina precipitates.  
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Figure 12.5. SEM back scattered electron images of CMSX 4 after 500 h oxidation at 1050°C 
in a) synthetic air and b) synthetic air + 2% SO2. 
 
CM 247 showed a strongly enhanced oxidation in the SO2-containing gas already after 100 h 
exposure (1 cycle). Internal, bulky corrosion products beneath the breakaway front in the CM 
247 sample after 100 h exposure in synthetic air + 2 % SO2 are shown on Figure 12.7. This is 
in good agreement with the mass change data indicating breakaway oxidation. 
 
Figure 12.6. SEM back-scattered electron image of CM 247 after oxidation at 1050°C for a) 
500 h in synthetic air and b) 100 h in synthetic air + 2% SO2. Note differences in 
magnification of the two Figures.  
 
Underneath the breakaway type, nodulear oxide, morphologies which are typical for liquid 
phase formation [78] were observed (Figure 12.7). Underneath the breakaway front a 
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substantial amount of grey, round precipitates of Cr-sulphides were formed (Figure 12.7 b). 
No Ti-sulphides were found in the SEM studies of CM 247 (as well as CMSX 4), see Figure 
12.7, contrary to the previous observations for PWA 1483 and Rene 80. This can be 
associated with the much smaller Ti content (1 wt. %) in the former alloys. Breakaway 
oxidation of CM 247 could be observed after much shorter time of exposure in the SO2 
containing gas (Figure 12.6 b), than it was previously found for Rene 80 (compare Figure 
8.3). The breakaway oxidation of CM 247 was not only accompanied by external Ni-oxide 
formation but also by internal liquid phase formation (Figure 12.4 b and 12.6 b). 
 
 
Figure 12.7. SEM back-scattered electron image of the internal precipitates on CM 247 after 
100 h oxidation in synthetic air + 2 % SO2 at 1050°C in a) the vicinity of the breakaway 
oxidation front, b, c) high magnification of internal precipitates. 
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As it was explained in Chapter 8, the breakdown of the protective oxide scale is related to the 
penetration of sulphur through the oxide scale and subsequent internal sulphidation. The much 
faster breakaway oxidation of CM 247 than that of Rene 80 (Chapter 8) can be correlated 
with the rapid exhaustion of the Cr reservoir due to extensive internal sulphidation of 
chromium, which occurred after a much shorter time due to the lower content of Ti and the 
smaller Cr-reservoir in CM 247 (14 wt. % Cr in Rene 80 vs. 8 wt. % Cr in CM 247). The 
ongoing sulphur transport through the scale on CM 247 results in a steady removal of Cr from 
the alloy matrix to a level at which the alloy exhibits type I behaviour indication in the 
oxidation map in Figure 3.4 (external NiO-scale formation) [4-5, 59]. Ongoing sulphide 
formation removes Cr from the alloy matrix resulting in a further decrease of the Cr activity 
and an increase of the sulphur activity in equilibrium with the Cr-sulphide until Ni sulphide 
becomes the stable sulphide phase. The formation of nickel sulphide leads to liquid phase 
formation (eutectic point of the Ni and Ni-sulphide is at 635°C in Figure 12.8 [79]). Thus, 
liquid phase is produced during exposure at 1050°C upon the formation of Ni-sulphide 
(Figure 12.4 b, Figure 12.6 b and Figure 12.7) resulting in rapid and ultimate breakdown of 
the protective surface oxide. 
 
Figure 12.8. Phase relations in the nickel-sulfur system [79].  
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The results in Figure 12.5 and 12.6 illustrate that the reaction during exposure in air + SO2 
for CM 247 is very rapid. In contrast, virtually no sulphidation can be observed for CMSX 4. 
This is likely related to the formation of the protective alumina scale on CMSX 4 (Figure 
12.3 and 12.5), which drastically reduces penetration of SO2 molecules and sulphidation. 
Based on the above presented results, however, CM 247 forms also an alumina rich scale 
(Figure 12.4 and 12.6) which seems to be only slightly less protective than that of CMSX 4 in 
SO2-free gas (compare Figure 12.5 a and 12.6a). In SO2-containing gas, however, this 
alumina scale shows a rapid breakdown, contrary to the scale on CMSX 4. 
 
The question is, why the scale formed on CMSX 4 is more protective than that on CM 247 
despite the fact that the alloys not only possess similar Al and Cr contents but also similar 
additions of Co, W and Ti (Table 6. 1). To answer this question, short time exposures were 
performed in synthetic air with and without SO2 followed by analytical studies using GDOES, 
SEM and XRD in order to correlate the scale formation in the early stages of exposure with 
the chemical compositions and the microstructure of the alloys.  
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13.  Early stages of oxidation of CMSX 4 and CM 247 in synthetic air 
 
13.1. Thermogravimetry 
 
For measuring the oxidation kinetics, thermogravimetry experiments were carried out. The 
weight change curves during isothermal oxidation at 1050°C in synthetic air are shown in 
Figure 13.1.  
It can be seen from the comparison of the curves that the mass change for CM 247 is slightly 
higher than that of CMSX 4. The mass gain rate for both alloys is much larger during the first 
stages of oxidation and slows down with time. For CM 247 the time, at which the reduction in 
oxidation rate occurred, was found to be marginally longer than for CMSX 4. 
 
 
Figure 13.1. Weight changes during thermogravimetric analysis of the studied Ni-base 
superalloys during 100 h isothermal oxidation at 1050 °C in synthetic air. 
 
The TG-data were used to calculate the values of the instantaneous parabolic rate constant 
kw(t) according to the procedures discussed in Chapter 9.1 (Figure 13.2). Comparison of the 
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kw(t)-curves of the studied superalloys reveals that with time the instantaneous kw-values 
decrease. For CMSX 4 the change in the kw-values is more substantial than that of CM 247.  
  
 
Figure 13.2. kw-curves for CMSX 4 and CM 247 during isothermal oxidation at 1050°C in 
synthetic air calculated from the mass change data in Figure 13.1. 
 
 
13.2. Analytical studies of initial stages of oxidation of CMSX 4 
  
GDOES depth profiles 
 
From the GDOES depth profiles it appears that the oxide scale on CMSX 4 after 1 h oxidation 
consists mostly of Cr-rich oxide in the outer part and of aluminium rich oxide in the inner part 
of the scale (Figure 13.3). After 1 h oxidation, enrichment of Ni, Co and Ti observed in the 
outer part of the scale, can be correlated with the transient stages of oxidation. Between the 
aluminium and chromium “peaks”, an enrichment of Ti and Ta exists, similar as it was 
observed for PWA 1483 (compare Figure 9.3)  
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Figure 13.3. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of CMSX 4 after 1 h oxidation in synthetic air at 1050°C. 
 
Comparison of the results after different exposure times (Figure 13.3 and 13.4) shows that Ni, 
Co and Cr enrichment in the outer part of the scale decreases with increasing exposure time. 
Throughout the whole scale, the Al-enrichment increases significantly with time. It can be 
concluded that after 20 h oxidation, the oxide scale on CMSX 4 consists mainly of alumina, 
which indicates formation of protective scale formation. This finding is in agreement with the 
kw(t) plots in Figure 13.2. 
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Figure 13.4. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of CMSX 4 after 20 h oxidation in synthetic air at 1050°C. 
 
Qualitatively, the compositions of the oxide scale on CMSX 4 after oxidation in the sulphur-
containing atmosphere according to the GDOES depth profiles are very similar to those of the 
samples oxidized in the sulphur-free test gas (compare Figures 13.3 – 13.4 and 13.5 – 13.6). 
The scale consists mostly of aluminium oxide with minor enrichment of Cr in the outer part.  
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Figure 13.5. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of CMSX 4 after 1 h oxidation at 1050°C in synthetic air + 2% SO2.  
 
The presence of SO2 in the atmosphere does apparently not substantially affect the oxide scale 
formation of CMSX 4. The uptake of S is much smaller than it was observed for PWA 1483 
(compare with Figure 3.4). A minor sulphur peak can be seen in the sub-scale zone (in the 
sample oxidized in sulphur containing gas – Figure 13.5 – 13.6), preceded by a nitrogen 
“peak”. Interestingly, a decrease of the sub-scale S-content can be observed with increasing 
time (Figure 13.5 – 13.6). This is in agreement with metallographic and SEM observations 
after longer times, where no sulphides could be found (Figure 12.3 and 12.5). Apparently, the 
sulphur uptake relates to the very early stages of oxidation. Its maximum concentration in the 
sub-scale zone decreases with ongoing exposure due to S-diffusion towards the bulk alloy.  
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Figure 13.6. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of CMSX 4 after 20 h oxidation at 1050°C in synthetic air + 2% SO2. 
 
 SEM results 
 
The co-enrichment of Ti and Ta in the scale, which can be observed in the GDOES depth 
profiles (Figure 13.3 – 13.6), was also found by SEM/EDX (Figure 13.7 and 13.8). The SEM 
results show that the oxide scale consists of a very thin chromia layer (with some Ti addition) 
locally observed in the outer part of the scale and a thin, continuous layer of aluminium oxide 
throughout the whole sample surface. The Ti/Ta-mixed compound can be found only in the 
places where chromium oxide exists.  
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Figure 13.7. SEM back-scattered electron image of CMSX 4 after a) 1h and b) 20 h 
oxidation in synthetic air at 1050°C. 
 
 
 
 
Figure 13.8. CMSX 4 cross-section area after 20 h oxidation in synthetic air at 1050°C 
shown as dotted square in Figure 13.7 b a) SEM images and EDX maps of b) nickel c) 
oxygen, d) aluminium, e) chromium, f) titanium, g) tantalum 
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XRD results 
 
XRD analysis after 1 h oxidation in synthetic air + 2 % SO2 at 1050°C revealed the presence 
of phases expected from the present GDOES and SEM results, i.e. Al2O3 and alloy matrix 
(Figure 13.9). Additionally, TiTaO4 and minor amount of spinel phase and NiTiO3 could be 
identified. Comparing the XRD patterns after 1 h and 20 h it can be concluded that the 
amount of spinel decreases and the amount of Al2O3 increases with increasing time of 
oxidation.  
 
Figure 13.9. XRD patterns of CMSX 4 after 1 h and 20 h oxidation in synthetic air + 2 % SO2 
at 1050°C. 
 
 
13.3. Analytical studies of the initial stages of oxidation of CM 247  
 
GDOES depth profiles 
 
The GDOES depth profiles in Figure 13.10-13.11 show the oxide scale composition on CM 
247 after 1 h and 20 h oxidation in synthetic air at 1050°C. Small enrichments of Ni, Co, Ti 
 - 111 - 
can be observed in the outer part of the scale, which are likely related to the transient stages of 
oxidation. The scale mainly consist of chromium rich oxide in the outer part and aluminium 
rich oxide in the inner part (Figure 13.10 a). An interesting observation is the B-enrichment 
(Figure 13.10 b) within the scale and/or right underneath the oxide scale. Also, a minor 
enrichment of Hf was found in the scale or in the very sub-scale regions of CM 247.  
 
 
Figure 13.10. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of CM 247 after 1 h oxidation at 1050°C in synthetic air. 
 
Comparison of the results after different exposure times shows that the Co and Ti enrichment 
in the outer part of the scale decrease while those of Ni and B increase with increasing 
exposure time. The inner part of the scale exhibits an enrichment of Al which increases with 
time. However, the extent of the Al-enrichment is much less than that which was observed on 
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CMSX 4 after the same exposure time (compare with 13.3). The “peaks” of Hf and Ta 
in/underneath the scale increase slightly with increasing exposure time.  
 
 
Figure 13.11. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of CM 247 after 20 h oxidation at 1050°C in synthetic air. 
 
In Chapter 12 it was described that a significant effect of the SO2 presence was observed in 
the test gas on the oxidation of CM 247 after longer times (typically 100 h, see Figure 12.6). 
In contrast, after 1 h exposure there is no significant difference in the scale composition 
between the SO2-free and SO2-containing environments as it can be observed in the GDOES 
depth profiles (compare Figures 13.10 and 13.12). In the latter test gas sulphur and nitrogen 
“peaks” can be seen in the sub-scale zone. The CM 247 sample after 20 h exposure to 
synthetic air + 2 % SO2 could not be measured because breakaway oxidation already started.  
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Figure 13.12. GDOES depth profiles of a) main alloying elements and b) minor alloying 
elements and oxygen of CM 247 after 20 h oxidation at 1050°C in synthetic air + 2% 
SO2. 
 
XRD results 
 
The XRD patterns after 1 h and 20 h oxidation in synthetic air at 1050°C revealed the 
presence of phases expected from the GDOES and SEM results: small amounts of TiO2, 
Al2O3, spinel (AB2O4, where A is mainly Ni, Co and B is mainly Cr, Al) and alloy matrix 
(Figure 13.13). Moreover, boron containing oxide phase was identified. Diffraction lines 
showed agreement with those filed for (Al2Cr)20B4O36. According to the XRD pattern after 20 
h oxidation, the amounts of the boron containing phase and the Hf-oxide increased with 
increasing exposure time from 1 h to 20 h.  
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Figure 13.13.  XRD pattern of CM 247 after 1 h and 20 h oxidation in synthetic air at 
1050°C. (spinel AB2O4, where A=Ni, Co and B= Cr, Al) 
 
SEM results 
 
The SEM images of CM 247 specimen oxidized in SO2-free gas are shown in Figures 13.14 
and 13.15. As expected from the GDOES and XRD studies the oxide scale after oxidation in 
synthetic air for 1 h (Figure 13.14 a, b) mainly consists of alumina in the inner part and 
chromia in the outer part of the scale.  
However, the SEM images also indicate that the oxide scale formed after 20 h exposure is 
interrupted locally by nodules containing less protective oxides. After 20 h oxidation the thin, 
Al-rich oxide scale on CM 247 breaks down and the amount and/or size of the nodules 
increases significantly compared to 1 h, Figure 13.15. The local scale intrusions where found 
to contain either boron-rich oxides or oxidized Hf-carbide (Figure 13.16). 
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Figure 13.14. SEM back scattered electron images of CM 247 after 1 h isothermal oxidation 
in synthetic air at 1050°C; a) overview, b) high magnification. 
 
 
 
Figure 13.15. SEM back scattered electron images of CM 247 after 20 h isothermal oxidation 
in synthetic air at 1050°C; a) overview, b) high magnification. 
 
 
From Figure 13.16 it can be seen that the outer part of the nodule consists mainly of Cr-rich 
oxides with some Ti; the inner part of the scale mainly consist of alumina. The oxide in the 
intrusion contains also tantalum, however, there is no co-enrichment between Ti and Ta 
within the scale (Figure 13.16 g and 13.16 h). Interestingly, a metallic Ni-rich region was 
found between the aluminium and chromium rich oxide. B-rich phases are difficult to analyse 
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by EDX because of low signal intensity and overlapping of the lines with C. However from 
the EDX elemental mapping it can be seen that B is enriched in the nodule. In contrast, the 
bright dots in the inner part of the scale are probably carbides.  
 
 
Figure 13.16. CM 247 cross-section showm  as dashed square in Figure 13.15 b after 20 h 
oxidation at 1050°C in synthetic air; a) SEM image and EDX elemental mappings for b) O, c) 
Ni, d) Al, e) Cr, f) Hf, g) Ti, h) Ta, i) B and j) C. 
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Figure 13.17. SEM back-scattered electron images of CM 247 after 1 h oxidation at 1050°C 
in synthetic air + 2% SO2; a) overview, b) high magnification. 
 
In the sample oxidized in the SO2-containing atmosphere for 1 h Cr-sulphides were found 
underneath the intrusion where the aluminium was oxidized internally (Figure 13.14). After 
20 h exposure in the SO2-containing gas (Figure 13.18) breakaway oxidation and substantial 
amounts of internal Cr-sulphides were observed. Strong indications for morphologies typical 
for liquid phase formation were also found. 
 
Figure 13.18. SEM back-scattered electron images of CM 247 after 20 h oxidation at 1050°C 
in synthetic air + 2% SO2; a) overview, b) high magnification. 
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14.  Discussion of oxide scale formation on CMSX 4 and CM 247 
 
The GDOES depth profiles for CMSX 4 in Figure 13.3 and 13.4 show after 1 h oxidation in 
air an oxide scale composition which is quantitatively similar to that of PWA 1483. In the 
outer part of the scale the enrichment of Co, Ni and Ti can be related to the transient oxidation 
stages [4-5]. The major part of the scale consists of three oxide layers: chromium rich oxide in 
the outer part, Ti and Ta rich oxide in the middle and aluminium oxide in the inner part. 
Comparison of the GDOES profiles shows that in the case of CMSX 4 (Figure 13.3)  the 
inner Al peak is much more pronounced than that of PWA 1483 (Figure 9.3). Furthermore, 
the transient period seems to be shorter for the alloy with the higher aluminium content 
(CMSX 4 – 5.6 wt. % vs. PWA 1483 – 3.6 wt. %) even after 1 h oxidation (compare Figure 
9.8 and 13.5). Thin, well adherent, gas tight oxide scale is maintained for CMSX 4 after long 
time of oxidation (500 h) even in the SO2-containing gas. As discussed in Chapter 8 and 9 
for PWA 1483, a gas tight and adherent oxide scale provides protection against sulphur 
penetration during exposure to the atmosphere containing SO2.  
 
From the GDOES depth profiles the oxide scale on CM 247 after 1 h oxidation in air appears 
similar to that found on CMSX 4 (Figure 13.3 a and 13.8 a). However, the SEM images 
show local formation of nodules with substantial amounts of less-protective oxides (Figure 
13.11 to 13.15). The nodules often contain Hf and/or B, in addition to the major alloy 
constituents (Ni, Co, Cr, Ti, Ta). After 20 h it can be seen that the amount and size of the 
nodules have been increased. In the SO2-containing atmosphere the nodule formation allows 
substantial transport of SO2 molecules through the oxide scale. Internal sulphidation of Cr 
was found already after 1 h exposure underneath the non-protective oxides. After 20 h 
exposure breakaway oxidation was observed.  
 
CM 247 in spite of having a similar major composition as CMSX 4, already shows breakaway 
type oxidation after quite short time exposure in the SO2-conatining atmospheres. It is 
believed that this behaviour of CM 247 is related to the local inhomogeneties in the oxide 
scale. From the results presented above these inhomogeneties are likely to be oxidized 
hafnium carbides (resulting in incorporation of hafnia into the oxide scale) and/or boron rich 
oxides.  
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Thus the first possible reason of the high sensitivity of CM 247 to SO2 attack is due to the 
presence of bulky primary Hf- and W-rich carbides in the alloy microstructure (see Figure 
13.11 a and Figure 13.14), which may locally hinder the formation of the protective alumina 
during oxidation exposure (Figure 14.1 a). 
The second mechanism was described as the so-called “overdoping effect”. High contents of 
Hf present in alumina forming MCrAlY-coatings and FeCrAlY-alloys were found to 
deteriorate their oxidation resistance [80-81]. Because Hf forms a thermodynamically more 
stable oxide than Al, it can be internally oxidized and become incorporated into the inwardly 
growing alumina scale. Indications for this mechanism were found in Figure 13.11 b). Upon 
incorporation into the alumina scale the hafnia precipitates provide rapid paths for oxygen 
diffusion and perhaps also for SO2-penetration (Figure 14.1 b). For a similar case of ZrO2 
incorporation into the alumina scale on FeCrAlY, Zr doped alloys, formation of porosity was 
observed within the alumina scale in the vicinity of ZrO2 precipitates [26]. 
 
Figure 14.1. Schematic of the possible mechanisms by which presence of Hf in the alloy 
composition can hinder formation of protective alumina scale resulting in enhanced attack in 
SO2-containing environment; a) oxidation of locally present Hf-rich carbides, b) internal 
oxidation of Hf and incorporation in alumina scale. 
 
A third reason for the rapid breakaway type oxidation of CM 247 in SO2-containing gas may 
be due to the enrichment of boron within the scale. It is worth noting that boron enrichment in 
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the scale was observed also on Rene 80 (compare Figure 13.11 and 9.15), although, the high 
sensitivity to the presence of SO2 in the test gas has a different origin for the latter material, as 
explained in Chapter 8 - 10.  
The two first mentioned mechanisms for the breakdown of the protective alumina scale by 
HfC and HfO2 precipitates are in general known from previous studies. In contrast, the 
mechanism of a possible boron effect has, as far as it is known to the author, not been 
investigated in detail. Studying a possible B effect by comparing the behaviour of CM 247 
would be rather difficult, because other elements present in commercial alloys with complex 
chemistry might affect its behaviour during exposure. In order to elucidate the effect of boron 
on the oxidation resistance, a number of model alloys with the same basic composition as CM 
247 and precisely defined, varying additions of boron were produced and studied as will be 
discussed in the next chapter.  
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15.  Model alloy studies to elucidate the effect of boron on oxidation 
behaviour 
 
The model alloys had a base composition defined from CM 247. They were nickel base and 
contained 9 Co, 8 Cr, 5.5 Al. Details about the alloy manufacturing processes were given in  
Chapter 6. The nominal composition of the studied model alloys are listed in Table 6. 2. 
ICP-OES and combustion analyses (Table 3 in Appendix 1) revealed that the measured 
compositions of the studied alloys were similar to the nominal ones (Table 6. 2). The Y-
content is in all model alloys below 0.03 wt. %. The B-contents in Ref 2 + 0.01B and Ref 2 + 
0.03B are slightly higher than the targeted values (measured values 0.02 and 0.04 wt. %, 
respectively). 
The results of the combustion analysis (Table 4 in Appendix 1) for the impurity elements C, 
N, O and S of the studied model alloys show very low contents of the mentioned elements. 
 
15.1. Macro-images of B-containing model alloys 
 
The macroscopic images of the specimens after isothermal oxidation in synthetic air at 
1050°C for different exposure times are shown in Figure 15.1.. The images indicate that the 
oxide scales formed are not homogeneous and the scale composition apparently differs from 
grain to grain, possibly being affected by the grain orientation. 
 
Figure 15.1. Macroscopic images of specimens of model alloys for studies of B effect after 
oxidation in synthetic air at 1050°C for 1h 
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15.2. XRD results 
 
From the XRD analysis in Figure 15.2 it can be seen that after 1 h oxidation the scale on B-
free model alloy Ref 2 a large amount of corundum phase (Al0.9Cr0.1)2O3 is present and 
smaller amounts of NiO and spinel are found (Figure 15.2 a –red line).  
 
Figure 15.2. XRD patterns of model alloys Ref 2, Ref 2 + 0.01B, Ref 2 + 0.03B after a) 1 h 
and b) 20 h oxidation in synthetic air at 1050°C ( spinel phase AB2O4 where A=Ni, Co and 
B=Cr, Al) 
 
The XRD-analysis of alloy Ref 2 + 0.01B indicates after an oxidation time of 1 h the presence 
of two B-containing oxides, i. e. Al5BO9 and Ni2CrO2(BO3), in addition to Al2O3 and NiO 
(Figure 15.2 a - blue line).  
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The XRD analysis for alloy Ref 2 + 0.03B after 1 h oxidation (Figure 15.2 a- black line) 
shows the presence of not only Al5BO9 which was present in the alloy with smaller content of 
B, but also indication for the boride Ni20Al3B6.  
After 20 h exposure the XRD-analysis (Figure 15.2 b – red line) of the B-free alloy Ref 2 
shows qualitatively similar patterns as after 1 h: Al2O3, NiO and alloy matrix were identified. 
A minor amount of a spinel phase appears after 20 h. The XRD pattern after 20 h shows 
higher peaks for alumina and nickel oxide than after 1 h oxidation indicating higher amounts 
of the respective phases.  
After 20 h oxidation (Figure 15.2 b –blue line) alloy Ref 2 + 0.01B shows considerable 
amounts of spinel phase (AB2O4 where A=Ni, Co and B=Cr, Al) which were than present in 
the sample after 1 h and also slightly in the Ref 2. The XRD pattern also shows the presence 
of the B-containing oxides Al5BO9 and Ni2CrO2(BO3) after 20 h exposure.  
The XRD analysis of the model alloy Ref 2 + 0.03B after 20 h (Figure 15.2 b – black line) 
shows that the boride Ni20Al3B6 which was present after 1h could not be found after 20 h. 
However, the amounts of the B-containing oxides Al5BO9 and Ni2CrO2(BO3) significantly 
increased compared to the 1 h oxidized specimen.   
 
15.3. SEM results 
 
The SEM images of the oxide scale of the B-free alloy Ref 2 after 1 h oxidation in synthetic 
air reveal formation of an alumina scale. In some locations the oxide scale exhibits a 
whisker/plate like morphology typical for metastable Al-oxide (θ-Al2O3) (Figure 15.3 a). 
Non identified peaks  in the XRD pattern for Ref 2 after 1 h oxidation (Figure 15.2 – red line) 
could be related to the θ-alumina phase formation. In other places the oxide scale is much 
thinner, apparently consisting of α-alumina (Figure 15.3a). 
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Figure 15.3. Overview SEM images of a cross-section of the model alloys a) Ref 2, b) Ref 2 
+ 0.01B and c) Ref 2 + 0.03 B after oxidation in synthetic air at 1050°C for 1 h. Boxed areas 
relate to analysis to be shown in following figures. 
 
 
The EDX mapping of the Ref 2 alloy (Figure 15.4) shows presence of a continuous Al2O3 
oxide scale with locally formed nodules of Ni-Cr-rich oxides. The nodule mainly contains Ni-
rich oxide in the outer part, Cr-oxide in the middle and Al-oxide near to the interface with the 
alloy. The results of SEM-analysis for the Ref 2 alloy correlate well with these from XRD. 
The oxide scale formed on alloy Ref 2 + 0.01B after 1 h is quite similar to that on the B-free 
model alloy (Figure 15.3 b). The oxide scale formed on Ref 2 + 0.01B is non-uniform in 
thickness, i. e. in some areas the oxide scale is rather thin whereas in other places nodules 
formation is found (Figure 15.5). A direct comparison of the samples with and without boron 
(Ref 2 + 0.01B with Ref 2 alloys) reveals, however, that the amount of nodules is larger on 
the former alloy than on the latter material (compare Figures 15.3 a. and 15.3 b). After 1 h 
oxidation the thin oxide layer on both alloys consists of Al-oxide. However, contrary to the B-
free alloy (Ref 2) B-containing phases are found within the nodules in agreement with SEM 
and XRD results. 
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Figure 15.4. Cross-section a of a nodule on alloy Ref 2 after oxidation in synthetic air at 
1050°C for 1 h indicated by black dashed square shown in Figure 15.3; a) SEM image and 
EDX elemental mappings of b) O, c) Ni, d) Cr, e) Al.  
 
In contrast, the nodules consist of an outer Cr-rich oxide, Ni-rich oxide in the middle and the 
continuous Al2O3 layer in the sub-scale. Interestingly, within the nodule  an enrichment of B 
can be observed (Figure 15.5).  
The oxide scale of the model alloy with higher content of boron (alloy Ref 2 + 0.03B) after 1 
h oxidation is in general, qualitatively similar to the alloy Ref 2 + 0.01B, i. e. in most places 
alumina scale formation occurred but locally rapidly growing oxide nodules are formed 
(Figure 15.3 c). 
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Figure 15.5. Cross-section of a nodules on alloy Ref 2 + 0.01B after oxidation in synthetic air 
at 1050°C for 1 h indicated by white dashed square shown in Figure 15.3 b; a) SEM image 
and EDX elemental mappings of b) O, c) Ni, d) Cr, e) Al, f) B. 
 
The EDX analysis (Figure 15.6) of alloy Ref 2 + 0.03B alloy shows the morphology of the 
nodule, with Al-oxide in the bottom and Ni-Cr-rich oxide in the outer part of the oxide scale. 
Also an enrichment of B can be found within the nodule. 
Small amounts of B-containing oxides identified by XRD (Figure 15.2) were found in the 
oxide nodules by SEM (Figure 15.3 c). Comparing the XRD analysis with the SEM images it 
can be seen that B is present in the oxide scale as oxide Al5BO9 and below the oxide scale as a 
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boride Ni20Al3B6. B-rich phases were also observed in metallographic images underneath the 
scale as well as inside the alloy, see Figure 15.7. 
 
Figure 15.6. Cross-section of a nodule on alloy Ref 2 + 0.03B after oxidation in synthetic air 
at 1050°C for 1 h indicated by white dashed square shown in Figure 15.3 c; a) SEM image 
and EDX elemental mappings of b) O, c) Ni, d) Cr, e) Al, f) B. 
 
A more detailed microstructure characterization of alloy Ref 2 + 0.03B after oxidation for 1 h 
at 1050°C revealed presence of B-containing phases not only in the oxide nodules but also 
within the alloy and in regions in which an alumina scale had formed, near the scale/alloy 
interface (Figure 15.8). Based on EDX/WDX analysis, in combination with XRD results, this 
boron rich phase was Ni20Al3B6. 
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Figure 15.7. Metallographic images of the Ref 2 + 0.03B after oxidation in synthetic air at 
1050°C for 1h showing boride phases below the oxide scale and inside the material. 
 
The B-free alloy Ref 2 did not exhibit significant changes in the scale morphology when 
extending the exposure time from 1 h to 20 h (Figure 15.9 a and Figure 15.10 a). The 
specimen formed a rather pure alumina oxide scale after 20 h with locally small nodules of 
Ni-Cr-rich oxides. 
 
Figure 15.8.  Cross-section of the alloy Ref 2 + 0.03B after oxidation in synthetic air at 
1050°C for 1 h showing boride phases below the oxide scale and inside the material; a) SEM 
image, EDX elemental mappings of b) O, c) Ni, d) Cr, e) Al, f) B and g) EDX (yellow lines) 
and WDX (light blue lines) analysis for spot indicated in boron mapping as 1. 
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Figure 15.9. Overview metallographic images (light optical microscopy) of cross-sections of 
alloy a) Ref 2, b) Ref 2 + 0.01B and c) Ref 2 + 0.03B after oxidation in synthetic air at 
1050°C for 20 h. 
 
The SEM-analysis of alloy Ref 2 + 0.01B after oxidation in synthetic air at 1050°C for 20 h 
shows an enrichment of Al-oxide in the inner part of the oxide scale and larger amounts of Ni-
Cr-rich oxide in the outer part of the oxide scale (Figure 15.9 b  and Figure 15.10 b) which is 
different from the 1 h exposure (Figure 15.3 a).  
 
Figure 15.10. Overview SEM back-scattered images of cross-sections of alloy a) Ref 2, b) 
Ref 2 + 0.01B and c) Ref 2 + 0.03B after oxidation in synthetic air at 1050°C for 20 h. 
 
The overall thickness of the oxide scale on the B-containing alloy was larger than that of the 
scale on the B-free alloy. The SEM images of Ref 2 + 0.03B alloy (Figure 15.9 c and Figure 
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15.10 c) show thick continuous Al2O3 oxide scale with local borderline eases between 
external and internal oxidation.   
 
15.4. Long term oxidation in synthetic air 
 
The results presented above indicate that the formation of the continuous alumina scale on the 
Ni-9Co-8Cr-5.5Al model alloys tends to be locally disturbed by the presence of B in the alloy. 
It should be noted, however, that the scale formation was locally inhomogeneous thus 
hampering a quantitative estimate of B addition on scale formation. In order to find out 
whether the effect of boron on the scale composition/morphology continuous to prevail after 
long exposure times, samples of the three model alloys were exposed at 1050°C in synthetic 
air for 500 h. The SEM cross sections shown in Figure 15.11 and 15.12 indicate that after 
longer exposure times all three alloys form dense, uniform alumina (sub) scales with some 
transient Ni-rich oxides on top. Thereby, the amount of transient oxide seemed to be larger in 
case of the B-containing alloy. 
The SEM images for the B-free alloy Ref 2 after oxidation in synthetic air at 1050°C for 500 
h are shown in the Figure 15.11 a and 15.12 a. 
 
Figure 15.11. Overview SEM images of a cross-section of the alloy a) Ref 2, b) Ref 2 + 
0.01B and c) Ref 2 + 0.03B after oxidation in synthetic air at 1050°C for 500 h 
 
The SEM images of Ref 2 + 0.01B after oxidation in synthetic air at 1050°C for 500 h are 
shown in Figure 15.11 b and Figure 15.12 b. 
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Figure 15.12. SEM images and EDX analysis of a cross-section of the alloy a) Ref 2, b) Ref 2 
+  0.01B  and c) Ref 2 + 0.03B after oxidation in synthetic air at 1050°C for 500 h 
 
Different form the two other alloys, the inner scale of alloy Ref 2 + 0.03B did not exclusively 
consists of alumina but additionally contained a B-containing oxide, probably (Al2O3)9(B2O3)2 
(Figure 15.11 c and Figure 15.12 c). This observation indicates that the effect of B on the 
oxide scale formation was limited to times shorter than 500 h exposure. 
 
15.5. Effect of SO2 on oxidation behaviour of B-containing model alloys 
 
Figure 15.13 shows the SEM images of cross sections of model alloys after 1 h oxidation in 
synthetic air containing 2 % SO2 at 1050°C. There are significant differences in the behaviour 
of all three model alloys when compared with the specimens oxidized in the SO2-free gas (see 
Figure 15.3). Minor internal nitridation of Al and sulphidation of Cr was found in all three 
model alloys (compare Figures 15.13 to 15.18).  
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Figure 15.13. Overview SEM images of cross-sections of the alloy a) Ref 2, b) Ref 2 + 0.01B 
and c) Ref 2 + 0.03B after oxidation in synthetic air + 2 % SO2 at 1050°C for 1 h. 
 
The oxide scale on the B-free alloy Ref 2 shows much more of intrusions, and it is thicker 
than the sample oxidized in synthetic air without SO2 (compare Figure 15.3 a and 15.13 a). 
However, a continuous alumina scale is still present at the scale/alloy interface (Figure 15.14 
a).  
Whereas the behaviour of the alloy Ref 2 + 0.01B in SO2-free test gas was quite similar to 
that of the B-free alloy Ref 2 (Figures 15.3 a and 15.3 b) the two alloys exhibited quite 
substantial differences in behaviour in the SO2-containing gas (Figures 15.13 and 15.14) . 
The oxide scale on the model alloy Ref 2 + 0.01B consists of an outer chromia-rich scale and 
aluminium is oxidized internally over the whole sample surface (Figures 15.13 b and 15.14 
b). The internal oxide particles are elongated needles, which is indicative of rapid oxygen 
penetration into the alloy (high oxygen permeability). Furthermore, underneath the outer 
chromium rich scale an enrichment of B in a form of a semi-continuous layer can be observed 
(Figure 15.15). 
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Figure 15.14. SEM images of a cross-section of the alloy a) Ref 2 b) Ref 2 + 0.01B and c) 
Ref 2 + 0.03B after oxidation in synthetic air + 2 % SO2 at 1050°C for 1 h. 
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Figure 15.15. Cross-section shown in Figure 15.14 b of an oxide scale and sub-scale regions 
on Ref 2 + 0.01 wt. % of B after oxidation in synthetic air + 2 % SO2 at 1050°C for 1 h; a) 
SEM image and EDX elemental mappings for b) O, c) Ni, d) Cr, e) Al, f) S, g) B  
 
Alloy Ref 2 + 0.03B shows a similar behaviour as alloy Ref 2 + 0.01B. The oxide scale 
consists mainly of chromia in the outer part, whereby this sub-scale is much thicker than that 
of the sample with lower B-content (compare Figures 15.13 b and 15.13 c). Internal oxidation 
of aluminium can also be observed, as well as boron rich oxide underneath the outer chromia. 
The amount of the B-rich oxide phase is larger than in alloy Ref 2 + 0.01B (Figure 15.16). 
Furthermore, small amounts of aluminium nitrides and chromium sulphides were observed 
underneath the zone with internal alumina precipitates.  
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Figure 15.16. Cross-section shown in Figure 15.14 c of an oxide scale and sub-scale regions 
on Ref 2 + 0.03 wt. % of B after oxidation in synthetic air + 2 % SO2 at 1050°C for 1 h; a) 
SEM image and EDX elemental mappings for b) O, c) Ni, d) Cr, e) Al, f) S, g) B 
 
After 20 h exposure in synthetic air + 2 % SO2 the B-free alloy Ref 2 shows a quite different 
behaviour than in the SO2-free gas (compare Figure 15.13 a with 15.17 a). The oxide scale 
formed in SO2-containing atmosphere is much thicker and consists of a mixture of alumina 
and chromia. Additionally, more Al-nitrides and Cr-sulphides were found in the bulk alloy 
after 20 h oxidation than it was observed after 1 h exposure.  
Alloy Ref 2 + 0.01 B forms a zone of internal oxidation of Al underneath a thin chromia scale 
(as it could be also seen after 1 h oxidation in SO2-containing gas, see Figure 15.14 b). 
Substantial amounts of metallic inclusions are present in the outer chromia rich scale as a 
result of outward metal flow due to the volume increase in the bulk material as a result of the 
internal oxidation process. 
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Figure 15.17. Overview SEM images of cross-sections of the alloy a) Ref 2 , b) Ref 2 + 
0.01B and c) Ref 2 + 0.03 B after oxidation in synthetic air + 2 % SO2 at 1050°C for 20 h. 
 
This type of scale formation is totally different from that found for the same material oxidized 
in the SO2-free test gas (compare Figure 15.10 b) where the oxide scale consisted mainly of 
outer chromia, NiO in the outer part of the scale and a semi-continuous alumina scale 
underneath. Furthermore, it can be concluded that the amount of internal sulphidation 
increases with time (compare Figure 15.13 b).  
The scale formed in synthetic air + 2% SO2 on alloy Ref 2 + 0.03B shows a chromium rich 
oxide in the outer part (Figure 15.17 c). Underneath the chromia base scale internal 
aluminium oxide can be observed along with larger amounts of Cr-sulphides in the alloy. 
After 100 h of oxidation in sulphur dioxide containing atmosphere it can be seen that the 
oxide formation on all three model alloys does not show significant qualitative differences to 
that after oxidation for 20 h (compare Figure 15.17 and Figure 15.18). However, one can see 
that the depth of the internal sulphidation clearly increases with increasing exposure time. 
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Furthermore, the amount of sulphidation seems to increase with increasing B-content in the 
alloy from 0.01 to 0.03.  
 
Figure 15.18. Overview SEM images of cross-sections of alloy a) Ref 2 b) Ref 2 + 0.01B  
and c) Ref 2 + 0.03B after oxidation in synthetic air + 2 % SO2 at 1050°C for 100 h. 
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16.  Discussion of the results obtained for the B-containing model alloys 
 
16.1. Discussion of effect of B on oxidation resistance of Ni-base alloys in 
synthetic air 
 
The nickel-boron phase diagram for B-concentrations of up to 0.1 wt. % B is shown in Figure 
16.1. It can be seen that B has a very low solubility in γ-nickel solid solution with a maximum 
of around 500 wt. ppm at about 1100°C. 
 
 
Figure 16.1. Binary Ni-B phase diagram calculated using Thermocalc. Inserted are the B-
contents of the model alloys 
 
The boride found in the bulk of alloy Ref 2 + 0.03B after exposure at 1050°C (Figures 15.7 
and 15.8) had a complex composition of Ni20Al3B6. Thus, the phase diagram in Figure 16.1 
does not allow to predict the exact solubility limit in the Ni-9Co-8Cr-5.5Al model alloy. 
Based on Figure 16.1, however, it is likely to assume that the B-solubility exhibits a quite 
large temperature dependence. 
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The experimental results after exposure at 1050°C indicated of a more complex boride; i.e. 
Ni-base with some Co, Cr and Al. According to the XRD analysis the structure corresponds to 
Ni20Al3B6. Unfortunately this compound is not included into the Thermocalc database 
(TINI7) used for the calculation of the phase equilibria in Figure 16.1.  
The ternary phase diagram Ni-Al-B at 1000°C (Figure 16.2) shows a low solubility of B in 
Ni (in agreement with Figure 16.1). From the ternary phase diagram it can be observed that 
the τ1-phase (Ni20Al3B6) exists in agreement with the present findings. The phase diagram 
indicates that this phase allows a substantial variation of the Ni/B-ratio, depending on the 
exact alloy composition. In the τ1-phase which is in equilibrium with the γ-Ni matrix the 
Ni/Al/B ratio is approximately 70/10/20 i.e. quite near to the composition found by XRD in 
the present studies.  
 
Figure 16.2. Ternary phase diagram of Ni-Al-B at 1000°C [82] 
 
The boride Ni20Al3B6 has a similar crystallographic structure as Cr23C6 [83]. Some studies 
[83] tried to explain the unusually large homogeneity region of τ1 with strongly varying boron 
content on the basis of a partial replacement of single boron atoms by boron-pairs within the 
Archimedean Ni- prisms in the crystal structure of the Cr23C6 type [83]. 
The rapid enrichment of B within and underneath the oxide scale after air oxidation at 1050°C 
(Figures 15.5-15.8) indicates a rapid diffusion of this element in the alloy matrix. The 
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diffusion coefficients for the used alloying elements in Ni were calculated with the well-
known formula: 





 

RT
Q
DD exp0          (16.1) 
where 
D0 - pre-exponential term  
Q - activation energy for diffusion 
T - temperature 
R - gas constant  
The data for D0 and Q were taken from reference [84] for the elements Ni, Cr, Al and from 
reference [85] for B. The diffusion coefficients calculated in this way for different 
temperatures are summarized in Table 16.1.  
 
Table 16.1. Diffusion coefficient of various elements in Ni-base alloys for 1050°C using 
calculated Equation (16.1) and data derived from references indicated in the table. 
 D0 (m
2
/s) Q (J/mole) Reference D1050°C (m
2
s
-
1
) 
Ni 1.7 · 10
-4
 285100 [84] 9.4 · 10
-16
 
Cr 1.1 · 10
-4
 273600 [84] 1.7 · 10
-15
 
Al 1.0 · 10
-4
 260000 [84] 5.4 · 10
-15
 
B 2.0 · 10
-7 
106108 [85] 1.2 · 10
-11
 
 
The data from Table 16.1 reveal that the diffusivity of boron in Ni is significantly larger than 
that of the other elements. The fast diffusion of the element B can be correlated with its small 
atomic radius of 0.046 nm which is even smaller than that of the other common interstitial C 
(0.077 nm). This means that B can be rapidly transported to the alloy surface provided that a 
driving force for diffusion (activity gradient) exists. 
An obvious reason for the boron diffusion towards the surface as seen in Figures 15.5-15.8  is 
the oxidation process. Indeed, boron was found in the oxide scale in the form of mixed oxides 
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with Al as well as Ni. Using the software for thermodynamic equilibrium calculations 
Factsage the dissociated pressures at 1050°C for the various oxides were determined, which 
are listed in Table 16.2.  
 
Table 16.2. Dissociation pressures of various oxides at 1050°C (calculated with Factsage). 
The element activities were assumed to be equal unity.  
oxide pO2*(oxide) 
Al2O3 10
-33
 
(Al2O3)9(B2O3)2 10
-27
 
B2O3 10
-24
 
Cr2O3 10
-21 
 
 
From Table 16.2 it can be seen that boron forms thermodynamically very stable oxides (the 
dissociation pressure is lower than that of chromia) and should therefore have a high tendency 
to accumulate in the transient oxide scale. The formation of the mixed boron oxides with Al 
can explain why after short time exposure (1 h, 20 h) no continuous Al2O3 formation was 
observed in many areas on the B-containing alloys, because the formation of an Al2O3 scale 
was locally hindered by the presence of boron in the alloy. An additional reason for the boron 
accumulation at the alloy surface could be the boride formation underneath the oxide scale 
observed in the alloy with the higher B-content, as described above. If the pO2 would get 
access to the alloy surface via microcracks in the surface Al-oxide, re-oxidation would be 
expected to result in formation of B-rich oxide rather than alumina.   
After 500 h of oxidation in SO2-free gas all three model alloys formed an Al2O3 scale. 
However, on the alloy with the highest B-content (Ref 2 +0.03B) larger amounts of transient 
Ni-rich oxides and Al/B mixed oxides above the alumina sub-scale were found than for the 
alloys Ref 2 and Ref 2 +0.01B (Figure 15.12). This is in agreement with the oxide scale 
compositions after short time (1 h and 20 h) oxidation. The formation of an alumina (sub) 
scale on the boron containing alloys after longer exposure times indicates that B was depleted 
from the B-containing alloys during prolonged exposure (Figure 16.3).  
Using the way of describing the oxidation behaviour of NiCoCrAl with and without B 
addition in a similar manner as in the previous sections, i.e. using the oxidation maps 
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(Chapter 11.5) it may be stated that boron addition shifts the border line between areas I and 
III to a degree that the alloy is located in the area where external NiO can be formed.  
 
Figure 16.3. Ternary oxidation maps for the Ni-Cr-Al System showing effect of element B 
for regimes of formation: a) after t1 b) after t2 = time to B depletion from the alloy, Group Y 
– alloys with 14-16 wt. % Cr and 3-4 wt. % Al, Group Z – alloys with 6-8 wt. % Cr and 5-6 
wt. % Al. Dashed lines are for illustrative purpose only and do not give exact Cr, Al 
concentrations for transitions between regions I and III. Addition of B shifts the boundary 
between area I and III to higher Al and Cr contents. Depletion of B from the alloy tends to 
suppress this effect. 
 
The boron depletion from the Ni-base alloys due to oxidation might have an effect on their 
mechanical properties. Further studies are required to determine the kinetics of boron 
depletion and the corresponding change of the material creep strength.  A first attempt to 
estimate the B-depletion from Ni-base specimens due to oxidation is presented in Chapter 
16.3. 
 
16.2. Discussion of effect of B on oxidation resistance of Ni-base alloys in SO2-
containing environments 
 
The presence of SO2 has a substantial effect on the scale composition and morphology on the 
model alloys with 5.5 wt. % Al and 8 wt. % Cr (Figure 15.3 and 15.13). Alloy Ref 2 in 
synthetic air without SO2 showed after 1 h continuous alumina scale formation. However, 
after exposure in the SO2-containing gas alloy Ref 2 showed regions of a protective Al2O3-
scale along with regions forming non-protective Cr-rich oxides accompanied by semi-
continuous Al2O3 sub-scale. As it was described for the 14Cr-3Al type model alloys, 
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discussed in Chapter 11, also the oxide scale formation on the 8Cr-5.5Al alloys, described in 
this section was found to be affected by the alloy microstructure. In contrast, the alloys with 
boron addition did not exhibit regions which formed a thin protective alumina scale. Only 
internal oxidation of Al, with morphologies of alumina precipitates typical for alloys with 
much lower Al-contents (1-2 wt. %) [4-5], was observed.  
With increasing exposure time in the SO2-containing gas the scale morphology found on the 
different alloys with and without B addition were quite similar. Increasing the exposure time 
resulted in increased internal sulphide formation, however, no breakaway type oxidation 
accompanied by liquid phase formation was observed on the model alloys up to the maximum 
exposure time of 100 h.   
From the studies in synthetic air it could be seen that rapid incorporation of boron in the oxide 
scale results in formation of mixed oxides with Al and Cr. These mixed oxides are apparently 
poorly protective and allow rapid ingress of O2 and SO2, thereby promoting internal Al-
oxidation and Cr-sulphidation. The amount of sulphidation was found to increase with 
increasing B-content in the alloy.  
In spite of the fact that B was clearly shown to have an adverse effect on the 
oxidation/sulphidation resistance there might be effects of other alloying elements which 
should be considered in Ni-base commercial materials. It is important to mention that the 
failure of the B-containing model alloys in the SO2-containing gas was not as rapid as 
observed for CM 247. 
A possible reason for this effect might be an additional adverse influence of HfC oxidation or 
Hf-incorporation into the scale as fine internal oxide precipitates as found to occur in case of 
CM 247 (Chapter 14). Further studies are required to find out whether the Hf addition has a 
substantial effect  on the alloy resistance to oxidation and especially sulphidation or whether 
other elements may play a role in the overall material damaging  process.  
Independent of the mechanisms promoting breakaway oxidation of commercial superalloys, 
such as CM 247, containing 6-8 wt. % Cr and 5-6 wt. % Al, its inability to form and maintain 
a protective alumina scale in SO2 containing gases results in rapid catastrophic failure 
accompanied by liquid phase formation. This damage mechanism is related to the small Cr-
reservoir and differs from that of alloys with higher Cr content, such as PWA 1483 and Rene 
80. The latter alloys contain 12-16 wt. % Cr and 3-4 wt. % Al and thus possess a larger Cr-
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reservoir resulting in a significant delay of time to failure. Additionally, other alloying 
elements which are able to form thermodynamically stable sulphides, may tend to retard the 
Cr depletion as a result of internal Cr-sulphide formation.  
The present results clearly indicate that the minor alloying additions such as B added in very 
low concentrations for increasing alloy creep strength might have a significant effect on the 
resistance of the alloy against oxidation and sulphidation. It is important to mention that the B 
incorporation into the oxide scale and its effect on oxide scale formation depends strongly on 
the B-reservoir and the B diffusivity in the alloy matrix. In this context one should keep in 
mind that the experiments were performed at a relatively high temperature of 1050°C. It is 
likely that after exposures at e.g. 900°C, which is closer to the actual operating temperature of 
the alloys in gas turbines the B accumulation in the oxide scale and its depletion from the 
alloy are expected to be slower than at 1050°C. However, considering very long operation 
times of gas turbine components (e.g. 25000 h) an adverse effect of B cannot be excluded, 
especially considering oxide scale spallation during temperature cycling. Further studies are 
required to investigate the time and temperature dependence of B enrichment in/underneath 
the surface oxide scales and its effect on the alloy oxidation behavior.  
 
16.3. Analytical prediction of boron depletion from the alloy matrix 
 
The procedure is adopted from an analogous case of Zr depletion from a FeCrAlY-alloy in 
reference [86]. It is assumed that a chromia scale is formed initially on NiCoCrAl model 
alloys and boron, which forms a thermodynamically more stable oxide than chromia can 
oxidize internally. The Cr-content at the oxide/metal interface is assumed to be 8 wt. %. This 
would correspond to the situation of the chromia forming alloy, Rene 80 (Chapter 9-10) or 
e.g. to the B-containing model alloys with 8 wt. %, where formation of a mixed B/Al-oxide 
prevents the formation of a continuous alumina (sub) scale.  
Internal precipitation of B2O3 can occur if the concentration of B is high enough and if inward 
oxygen diffusion is fast enough so that the solubility product for boride formation is 
exceeded:  
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spOB KNN 
32          (16.2) 
 
here Ni are the mol fractions of the solutes boron and oxygen respectively. The value of Ksp is 
found from the equilibrium 
 
,32 32OBOB   spG        (16.3) 
 
the free energy change that can be calculated from the oxide formation for pure elements 
 
 ,
2
3
2 322 OBOB   
0
fG         (16.4) 
 
and alloy solute dissolution 
 
,BB   BG          (16.5) 
,
2
1
2 OO   OG         (16.6) 
 
in solvent fcc-nickel. Thus, 
 
OBfsp GGGG  32
0        (16.7) 
 
The free energy of  boron oxide formation from pure elements [87] is: 
 
TSTHG f 12.2103.1
6000       (16.8) 
 
For oxygen dissolution in the nickel matrix, [74] 
 
OO NRTTSTHG ln6.1755000
00       (16.9) 
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The situation for boron dissolution is more complicated. As far as known to the author, there 
is no relevant data available in the literature. Therefore, the approximation is made that B 
behaves as a perfect solute. 
 
BB NRTG ln          (16.10) 
 
Substituting out the values of BG  and OG  in Equation (16.7) one can calculate: 
 
TKRT sp 8.52784372ln        (16.11) 
 
Depletion of boron is effectively complete when the average value of NB becomes lower than 
the minimum concentration required for B2O3 precipitation: 
 
 3)(
min
S
O
sp
B
N
K
N          (16.12) 
Using the same procedure as for determining the oxygen solubility in Section 11.6, Equations 
11.2 to 11.8, it was found that NO
(S)
=1.50·10
-4
 (in equilibrium with chromia and a Ni-base 
alloy containing 8 wt. % Cr). Substituting the value of NO
(S)
 and Ksp=1.80·10
-34
 given by 
Equation (16.11), the minimum content of B is calculated, NB
min
 = 7.31·10
-12
.  
To calculate the time, which is required to exhaust the alloy of its boron content Equation 
(16.13) can be used [88]: 


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       (16.13) 
where NB
min
 is the quantity of solute remaining in the flat specimen after time tdepl, NB
0
 is the 
total initial amount of B, and L is the specimen thickness.  
Setting L = 2 mm and D = 1.29·10
-11 
m
2
/s (see Table 16.1), the time needed for depletion of 
boron to NB
min
 can be calculated. At 1050°C in synthetic air the depletion of initially present 
400 wt. ppm B is expected to occur after 44 h. This is in reasonable agreement with the 
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experimental observation that boron was depleted from the model alloy Ref 2 + 0.03B after a 
time much shorter than 500 h (Figures 15.11 and 15.12). 
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17.  Summary and conclusions 
 
In the present work the oxidation behaviour of Ni-base superalloys in a high pO2, SO2-
containing environments has been studied at 1050°C. For this purpose, screening tests of 
commercial alloys commonly used in stationary gas turbines, were performed to establish the 
sensitivity of alloys to the presence of 2 % SO2 in the test gas (synthetic air). Based on the 
screening test results, commercial Ni-base superalloys with similar Cr and Al contents were 
chosen to determine which parameters affect the material resistance against the enhanced 
attack by SO2. In the first part of the thesis, the behaviour of alloys with 12-14 % Cr and 3-4 
% Al, namely PWA 1483 and Rene 80 is compared. The second part of the present 
investigation concerns the behaviour of Ni-base superalloys with 5-6 % Al and 6-8 % Cr. For 
the latter comparison two alloys were chosen: CMSX 4 and CM 247. 
The results of the present work clearly show that Ni-base alloys, PWA 1483 and Rene 80 
exhibit tremendous differences in resistance to SO2 attack in high pO2 gas, in spite of 
possessing similar Cr and Al contents. The far better resistance of PWA 1483 in the SO2-
containing environment is shown to be related to the rapid development of a dense alumina 
scale, which prevents access of molecular SO2 to the metal surface and effectively supresses 
sulphidation. In contrast, a porous chromia based scale formed on Rene 80. The latter type of 
surface scale allows easy molecular access of SO2, which eventually results in breakaway 
oxidation triggered by formation of internal chromium sulphide.    
The formation of fast growing porous chromia scale on Rene 80 was attributed to the Ti 
addition of 5 wt. %, which increases the growth rate of the Cr2O3-scale by p-type doping 
thereby suppressing the formation of a protective alumina scale. Ta addition to Ti containing 
Ni-base alloys, such as in PWA 1483,  was found to promote external alumina scale formation 
by forming a mixed Ti/Ta oxide compound, hence preventing the enhancement of chromia 
growth by Ti incorporation. 
 In order to estimate whether these microstructural and compositional differences or the 
interaction between Ti and Ta are mainly responsible for differences in oxidation behaviour of 
Rene 80 and PWA 1483, a number of cast model alloys were manufactured and extensively 
studied using TG, XRD and SEM. The results of the model alloys studies confirmed the 
validity of the proposed mechanisms. The scale compositions and microstructures of Ni-14Cr-
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9Co-3Al-5Ti and Ni-14Cr-9Co-3Al-5Ti-5Ta alloys appeared to be in excellent agreement 
with those of Rene 80 and PWA 1483, respectively.  
The effect of increased chromia scale growth by Ti on the critical Al-content (NAl
*
) for 
transition from internal to external oxidation was estimated using two procedures. The first 
procedure according to classical Wagner’s analysis considered only increase in the oxygen 
activity at the alloy surface due to faster Cr-consumption neglecting the alloy recession due to 
oxidation. The second approach was based on experimentally determined parabolic constant 
for the internal oxidation of Al without taking into account the formation of an outer chromia 
scale. Both calculation procedures predict the critical Al-concentration for the Ti-containing 
alloy to be higher than that of a Ti-free alloy. However, the second approach provides NAl
*
-
values which are in a better agreement with the oxidation map, which shows that only 
approximately 2.3 wt. % is required to form an alumina sub-scale on a ternary NiCrAl alloy 
with 14 % Cr, whereas the first procedure predicts a value of 3.4 wt. %. 
Owing to a high Al-content of 5.6 wt. % CMSX 4 formed rather pure alumina scale after a 
relatively short period of transient oxidation in both studied atmospheres. Similar to PWA 
1483 the dense and adherent alumina scale on CMSX 4 prevented sulphidation and failure in 
the SO2-containing environments. In CMSX 4 the Ti/Ta interaction might be of less 
importance than in PWA 1483 because of much lower Ti- and Cr-contents in the former alloy. 
CM 247 after very short times formed an Al-rich scale, which contrary to CMSX 4, contained 
substantial amounts of Hf- and B-containing oxides. Consequently, CM 247 failed in 
synthetic air + 2 % SO2 after very short time (20 h, at 1050°C) by breakaway type oxidation 
accompanied by liquid phase formation.  
The first possible reason of the high sensitivity of CM 247 to SO2 attack is due to the presence 
of bulky primary Hf- and W-rich carbides in the alloy microstructure, which may locally 
hinder the formation of the protective alumina during oxidation exposure. The second 
possible mechanism was described as the so-called “overdoping effect”. Because Hf forms a 
thermodynamically more stable oxide than Al, it can be internally oxidized and become 
incorporated into the inwardly growing alumina scale. Upon incorporation into the alumina 
scale the hafnia precipitates provide rapid paths for oxygen diffusion and perhaps also for 
SO2-penetration. A third reason for the rapid breakaway type oxidation of CM 247 in the SO2-
conataining gas may be due to the enrichment of boron within the scale.  
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In order to separate the effects of Hf and B on the alloy oxidation resistance model alloys with 
specific variation of B-content were produced and extensively studied by TG, XRD and SEM. 
Using model alloys it was shown that the addition of B is detrimental for the oxidation 
resistance of Ni-base alloys with 6-8 wt. % Cr and 5-6 wt. % Al. The formation of Al/B 
mixed oxides can explain why after short time exposure in the SO2-free synthetic air the 
Al2O3 formation was locally hindered on the latter type of materials. In the SO2-containing 
gas the B-addition of 0.01 and 0.03 wt. % effectively prevented the alumina scale formation 
on the whole specimen surface and the needle-like morphology of internal Al-oxides were 
similar to those typically found for alloys with much lower Cr and Al-contents. Therefore, it 
could be concluded that oxide scale on the B-containing model alloys allowed rapid transport 
of SO2 and enhanced formation of internal Cr-sulphide.  
The reason for the rapid enrichment of B within the scale is that it forms a thermodynamically 
very stable oxide combined with much faster boron diffusivity in Ni-rich matrix as compared 
to Al and Cr. The rapid incorporation of boron into the oxide scale apparently resulted in 
boron depletion from the alloys. This was indicated by specimens exposed for 500 h to 
synthetic air which showed continuous Al2O3 scale formation for all three studied model 
materials. The B-depletion is in agreement with an estimation using a model developed for 
Zr-depletion from a FeCrAlY-alloys [86], which predicts that B-oxidation should diminish 
from the alloy Ref 2 +0.03B after about 45 h at 1050°C. 
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18.  Appendix 1 
 
Table 1.  Chemical composition (in wt. %) of the 4 Ni-base superalloys selected for detailed 
investigation, as determined by ICP-OES. 
Name Co Cr Ti Al Mo W Ta B Zr Hf Re 
Rene 80 9.16 13.20 4.60 2.85 3.92 3.81 0.03 0.03 <0.01 <0.01 <0.01 
PWA 1483  9.00 11.40 4.20 3.60 1.90 3.80 5.00 <0.01 <0.01 <0.01 <0.01 
CM 247 9.01 7.63 0.92 5.20 0.49 9.16 3.23 0.02 <0.01 1.61 <0.01 
CMSX 4 9.33 6.00 1.04 5.48 0.52 6.02 7.26 <0.01 <0.01 0.07 2.70 
 
 
Table. 2. Concentration (in wt. %) of the elements C, N, O and S of the Ni-base superalloys 
in Table 1 as determined by combustion analysis. 
Name C S N O 
Rene 80 0.164 <0.001 <0.001 0.0012 
PWA 1483 0.046 <0.001 <0.001 0.0014 
CMSX-4 <0.001 <0.001 <0.001 <0.001 
CM 247 0.069 <0.001 <0.001 <0.001 
 
 
Table 3.  Chemical composition (in wt. %) of the studied Ni-base model alloys, as determined 
by ICP-OES. 
Name 
Batch  
name 
Cr Co Al Ti Ta B Y 
E
ff
ec
t 
o
f 
T
i 
an
d
 T
a Ref  (NPW) 13.8 9.34 3.08 <0.01 <0.01 - <0.01 
Ref – Al  (NPX) 13.8 9.20 0.018 <0.01 <0.01 - <0.01 
Ref + 1 % Ti  (NPV) 13.8 9.23 1.14 1.14 <0.01 - <0.01 
Ref +5 % Ti  (NPT) 13.9 9.30 3.11 5.20 <0.01 - <0.01 
Ref + 5 % Ta  (NPK) 13.5 9.06 3.07 <0.01 5.18 - <0.01 
Ref + 5 % Ti +5 % Ta  (NPJ) 13.5 8.98 3.07 5.23 5.07 - <0.01 
E
ff
ec
t 
o
f 
B
 
Ref 2 (NPF) 8.16 9.27 5.56 - - <0.01 <0.01 
Ref 2 + 0.01 % B  (NPG) 8.04 8.98 5.44 - - 0.02 0.017 
Ref 2 + 0.03 % B  (NPH)  8.07 9.01 5.54 - - 0.044 0.014 
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Table 4.  Concentration (in wt. %) of the elements C, N, O and S of the studied Ni-base 
model alloys in Table 3 as determined by combustion analysis. 
Name 
Batch 
name 
C S N O 
E
ff
ec
t 
o
f 
T
i 
an
d
 T
a Ref  (NPW) 0.0049 <0.01 <0.01 <0.01 
Ref – Al  (NPX) 0.0055 <0.01 0.007 0.0010 
Ref + 1 % Ti  (NPV) 0.0033 <0.01 0.0012 0.0014 
Ref + 5 % Ti  (NPT) 0.0062 <0.01 0.0022 0.0092 
Ref + 5 % Ta  (NPK) 0.0032 <0.01 0.0052 <0.01 
Ref + 5 % Ti + 5 % Ta  (NPJ) 0.0043 <0.01 0.0049 0.0019 
E
ff
ec
t 
o
f 
B
 
Ref 2  (NPF) <0.01 <0.01 <0.01 <0.01 
Ref 2 + 0.01 % B (NPG) 0.0032 <0.01 <0.01 <0.01 
Ref 2 + 0.03 % B  (NPH) 0.0025 <0.01 0.0053 <0.01 
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